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SYNOPSIS
The strength and failure characteristics of polyamide 6.6 filled 
with both glass and carbon fibres has been studied. It has been 
shown that provided there exists a moderately strong interface 
between the fibre and matrix, stiffness enhancement is as predicted 
by a modified rule of mixtures, but that strength is limited by an 
embrittlement of the material, which results in premature fracture 
at low strain. Failure mechanisms in a simple model composite were 
studied using optical microscopy and this suggested that matrix 
cracking initiated by the fibres was the principal cause of this 
premature fracture. Experiments in which fibre length distributions 
were determined both before and after fracture confirmed that 
failure sequences involving gross fibre fracture did not occur. This 
hypothesis has been confirmed by careful observation of the mechanical 
properties, together with optical and scanning microscopy and acoustic 
emission techniques, of the fibre filled thermoplastic. Limited 
experimental evidence suggests a more beneficial combination of 
properties might be obtained by using a mixture of glass and carbon 
fibres in the composite.
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CHAPTER 1. INTRODUCTION
1. INTRODUCTION
Fibre reinforced thermoplastics comprise a group of materials 
in which short, strong fibres have been incorporated in a 
thermoplastic polymer matrix, in order bthat the rather low modulus 
and poor thermal properties of thermoplastics may be enhanced by 
the presence of strong, stiff, thermally stable fibres (1,2,5).
These materials are attractive to industry since they can readily 
be moulded, using rapid, inexpensive processes, into complex 
shapes of good surface finish and appearance, a single moulding 
often replacing a more complex assembly of metallic parts.
In any composite system of this type, there are three 
fundamental constituents, the matrix, the dispersed phase and the 
interface; and in order to understand the behaviour of the 
composite, these three aspects of the structure must be studied.
The nature of the dispersed phase may vary from particulate 
fillers, such.as talc and glass ballotini, to high modulus fibres. 
Particulate fillers are frequently added to thermoplastics usually 
to reduce cost, but.other advantages such as reduced creep and 
improved modulus are also attainable (2,4). Fibrous fillers, 
however, offer the possibility of even greater stiffness enhancement 
as well as substantial increases in strength. Asbestos and certain 
ceramic fibres may be used as reinforcing agents for thermoplastic 
polymers, resulting in considerable increases in strength and 
stiffness (2,5,6,7,8), but maximum enhancement is obtained using 
high modulus fibres such as carbon or glass.
The principle of fibre reinforced plastics is well established, 
and it is theoretically possible to enhance stiffness in proportion 
to the amount of fibre added. For example by embedding continuous 
uniaxially aligned carbon fibres in an epoxy resin matrix, with a 
fibre volume fraction of 0*7, it is possible to obtain a flexural 
stiffness exceeding that of steel. Incorporation of high modulus, 
low density fibres into thermoplastics can produce materials with 
considerably enhanced moduli and strengths, but not of the 
magnitude attainable in aligned carbon filled resins. Properties 
are limited by the necessity for good mouldability of the filled 
material, thus fibres must be in discrete short lengths and in 
relatively low volume fractions, allowing conventional thermoplastic 
processing routes such as compression and injection moulding and 
extrusion to be used. Fibre lengths are typically of the order of 
0»5 mm with volume fractions of up to J>0%.
The outstanding materials in this class are based on the 
engineering thermoplastics, such as polypropylene, polyamides, 
polyacetals and polycarbonates, filled with 20 to 30 volume % of 
glass or carbon fibres. In these materials excellent stiffness 
enhancement is obtaihed, but the potential strength is not achieved 
owing to an embrittling effect due to the presence of the fibres, 
which causes failure at relatively low strains. In this work we 
have attempted to study this phenomenon in order to attempt to 
establish the mechanism of failure and hopefully to be able to 
suggest methods overcoming this deficiency in the material.
CHAPTER 2. FIBRE AND POLYMER PROPERTIES
2.1. POLYMER MATRICES
In many fibre reinforced plastics virtually all the strength and 
stiffness is derived from the fibres and the contribution of the 
matrix is negligible, however, this is not the case in fibre
reinforced thermoplastics since the volume fraction of fibres is .
always relatively low and the fibres are in short lengths.
Consequently structure and properties of possible polymer matrices 
and how these are modified by the presence of the fibres, must be 
considered before use. The more general properties of polymers are
adequately discussed by references 9> 10 and 11.
Two main classes of thermoplastic polymers exist, namely 
semi-crystalline and amorphous polymers. Semi-crystalline polymers 
possess a structure part amorphous and part crystalline, the latter 
regions forming by a chain folding process to form lamellae, which 
may be stacked to produce 1 polymeric grains1 known as spherulites, 
or extended when mechanically oriented by: drawing (fig. 2.1.1.).
These are separated by amorphous polymer, as are the individual 
lamellae, thus no polymer may attain one hundred percent crystallinity. 
The lamellae stacking in spherulites varies from polymer to polymer, 
but they frequently radiate in all directions from a central point 
to form essentially spherical spherulites. Amorphous polymers 
possess no intrinsic microstructure above the molecular level, but 
may be artificially oriented. The properties of both classes of 
polymers vary considerably with temperature, and in particular 
with the ductile/brittle (glass transition) temperature of the 
polymers. Thus brittle (glassy) amorphous polymers exist, such as 
polymethylmethacrylate (PMMA), polystyrene and PVC, but so do 
ductile amorphous polymers (rubbery state), such as plasticised 
FVC and ethylene vinyl acetate (EVA). Similarly semi-crystalline 
polymers, such as polyethylene, polyamides and-polypropylene can 
behave in a brittle manner at low temperatures below their 
transition temperature ranges, but are generally quite ductile at 
room temperature. This is-shown by the graph of polymer shear 
modulus (G) versus temperature, fig. 2.1.2.
Amorphous polymers exhibit glassy brittle behaviour (high 
modulus, low ductility) at low temperatures and a form of rubbery 
behaviour (dependent on the degree of molecular cross-linking) at 
higher temperatures (low modulus, high ductility).
20
Semi-crystalline polymers exhibit an intermediate region where they 
are both stiff and ductile, and so possess rather good mechanical- 
operties in these temperature ranges. These polymers are already 
composites, their stiffness being imparted by the crystalline regions 
and ductility by the rubbery regions. Addition of a low molecular 
weight plasticising compound to an amorphous polymer reduces its 
overall stiffness, but increases the temperature range over which 
the polymer exhibits reasonable ductility (e.g. plasticised PVC).
Choice of matrix material .is fairly unlimited, and depends only 
on the properties desired from the composite, subject to the 
limitations of the fibre phase. Addition of fibres to a polymer 
generally reduces ductility, thus use of glassy brittle thermoplastic 
matrices is unwise, since although the composite would be stiffer, 
it would also be more brittle than the original polymer ('13)«
Some polymers,in particular polypropylene and polyamide 6.6 lend 
themselves to fibre filling, processing being relatively easy and 
matrix property enhancement excellent. Details of moulding 
techniques for filled and unfilled polyamide 6.6 are given in 
references 14 and 15.
Modification of the matrix microstructure adjacent to the fibre 
phase can occur, resulting in local matrix property variations from 
the bulk material. This effect has been observed by Bessell et. al. 
(16,17) in the in-situ polymerisation of caprolactam (to produce 
polyamide 6.) on carbon and glass fibres. The polymer adjacent to 
the fibres possessed a columnar spherulitic structure and the 
interface between this and the bulk polymer was found to be a source 
of weakness and a preferential crack path during fracture. Fibres 
apparently acting as nucleating sites for crystallisation and 
columnar spherulites grew out from them, rejecting foreign material 
which accumulated at the boundary between the modified and bulk 
polymer, introducing a weakness there. Polymer properties have been 
shown to vary drastically with spherulite size (19), thus these 
regions of modified polymer may be of considerable importance in 
fibre filled thermoplastics. Similar observations have been made in 
carbon fibre filled polypropylene (18). In addition, degradation of 
polyamides by oxidation is known to occur more rapidly at the surfaces 
of glass fibres in the presence of oxygen. During injection moulding, 
free oxygen is unlikely to be present, but water inevitably present 
to some extent in polyamides and on the glass surface, causes
polymer hydrolysis and a lowering of the polymer molecular weight
( just 1% hydrolysis can halve the mean molecular weight). This
lowers the polymer T , and results in a greater rate of
fE>
crystallisation and finally to a higher degree of crystallisation 
in the polymer. This will occur only adjacent to the fibres and 
result in more brittle polymer in these regions (20,21).
Fig. 2.1.1.
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.2 FIBRE FILLERS
Almost any form of fibre reinforcement may be used with 
thermoplastic matrices, from short asbestos fibres and ceramic 
whiskers, to glass and carbon fibres available in continuous tows. 
Some fibre/polymer compounding techniques require initially 
continuous fibres (22-25), an& are thus limited to glass and carbon 
fibres.
Several types of both glass and carbon fibres are available, 
with a wide range of properties (26, 27). The most common form of 
fibre in use is made from E-glass (electrical glass), an alumina 
borosilicate low alkali glass that draws well into strong fibres. 
Ordinary A-glass is not usually employed in glass fibre manufacture 
due to its poorer properties and the difficulty in drawing the 
material. Higher strengths and moduli are attainable if S-glass 
is used, but production costs are correspondingly higher. A list 
of compositions and properties is given in table 2.2.1.
Carbon fibres are available in three forms, type I a high 
modulus fibre, type II a high strength fibre and type III or A, 
a fibre with intermediate properties. High modulus fibres require 
a high carbonisation temperature in the range 2500 - 3000°C, making 
them expensive compared to type II fibres which need a treatment at 
only 1500°C. Type III fibres require an even lower carbonisation 
temperature in the range 1000 - 1200°C, and are thus cheaper still. 
High modulus fibres, however, are less strong than the type II 
fibres due to flaws which form by the volatilisation of impurities 
at the high carbonisation temperatures, leading to void formation, 
these acting as stress raisers. All types of carbon fibre may be 
used to reinforce thermoplastics, although the high modulus material 
can be more difficult to handle due to its lower failure strain. 
Table 2.2.2. lists typical properties of the three forms of carbon 
fibre.
- Table 2.2.1 - 
Properties of Various Forms of Glass Fibre
Fibre type Cost Modulus (GNrrf ) U.T.S. (MNm ) SpecificGravity
E 0-2 72 3400 2-54
A 0-2 70 3200 2.50
C 1 69 3100 2.49
D 5 52 2400 2*16
M 2 110 3400 2-89
S 0«5 85 4800 ' 2*48
fused
silica 5 73 7000 2*20
* Relative to steel wire equivalent to 1*0 per. unit weight, 
(from 'Fibre Reinforcement' by J.A. Catherall, M&B Ltd, p. 34).
- Table 2.2.2 -
Properties of the three principal forms of Carbon Fibre
o
Fibre type Young's  ^ UTS (GNnT ) Specific
Modulus (GNm ) • Gravity
Grafil A(IIl}_--- -190 2*15 1 -75
Grafil HT(II) 235 2-60 1*75
Grafil HM(i) -350 2.48 1.89
(from Courtauld's 'Grafil' Data sheet G.14 1974) (Ref (29)).
2*3 FIBRE - MATRIX INTERFACE
The degree of bonding between fibre and matrix determines, to a 
large extent, the properties of the composite. Weak bonding leads 
to tough composites, since the interface can blunt propagating cracks 
by splitting open, but then stiffness enhancement is sacrificed since 
the rate of stress transfer to the fibres is less good, particularly 
in short fibre composites. Strong bonding imparts stiffness to the 
composite but lowers the toughness. Fibre surface treatments are 
available which are designed to improve the interfacial bond, but 
the mechanism of the fibre/matrix bonding is still not completely 
understood. Bonding between fibre and matrix arises from one or 
a combination of three possible mechanisms; physical bonding such 
as wetting, chemical bonding, or mechanical bonding. The latter 
mechanism may be due to shrinkage of the matrix onto the fibres, or 
Poisson's ratio effects on loading, giving rise to a frictional 
bond which will be very sensitive to elastic properties of the fibre 
and matrix, particularly when considerable differences are shown.
Glass fibres may be given one of two treatments, a sizing 
designed to increase the fibre/matrix bonding through the action of 
a coupling agent but also containing a lubricant and a binder to 
facilitate handling, or a finish usually applied to heat cleaned 
fibre, containing only a coupling agent (30).
Originally the bonding between fibre and matrix was considered to 
be due to simple wetting and surface tension effects (a physical 
bond) (30,31), but this theory was rejected when experiments showed 
that treated fibre, which forms strong bonds with polymers, was less 
easily wetted by water and uncured resins than untreated fibre.
Other'theories exist, but most have been discarded in favour of the 
generally accepted chemical bonding theory. In this theory it was 
proposed that the surface treating agent is capable of forming 
covalent bonds (or perhaps hydrogen bonds) with both fibre and matrix 
and thus provides good adhesion, even under high humidity conditions 
where untreated glass fibre/resin interfaces rapidly deteriorate. 
Plueddemann has explained adhesion between glass fibre and matrix 
with the commonly used silane coupling agents, by considering the 
silane of general formula X^Si Y, where X is a hydrolyzable
group on silicon and Y an organofunctional group selected for 
polymer compatability (32). The X group generates a covalent bond
with the fibre by first forming intermediate silanols which then
condense with the surface silanols on the glass. The Y group is
chosen to react covalently with the polymer; in the case of a resin
this may be with the resin itself, or the hardener or cross-linking
agent. Silanes used to couple glass fibres to thermoplastics must
be capable of withstanding the melt temperature during fabrication,
since it has been shown that degradation of the agent may occur,
resulting in inferior properties (31 ). Certain thermoplastics
possess a structure capable of reacting directly with the silane Y
group to form a covalent bond. These include polyamides in which
the Y group reacts with the polymer backbone, or PMMA and PVC
where reaction occurs with a side group. Non reactive polymers,
such as polystyrene and many polyolefines, require different
coupling agents capable of generating active sites on the polymer
chain (31)• In these thermoplastics the bond between fibre and matrix
is probably partially mechanical, due to the shrinkage of the polymer
onto the fibre. In this case stress relaxation over a period of time,
or accelerated by heating near the polymer T , will diminish the
S
bond although in polyamides this may be confused by water absorption. 
In addition, the bond will become less effective at higher temperature 
as the matrix expands off of the fibres.
Various methods are available for investigating the nature of the 
interface, including electron microscopy, radioisotopic studies, 
infrared spectroscopy and even simple mechanical testing. The 
methods have been adequately reviewed by Sterman and Marsden, electron 
microscopy and isotopic labelling of coupling agents having proved to 
be the most profitable me,ans of experimentation. It can be concluded 
from this work that covalent bonds do form between fibre and resin 
via the coupling agent, as predicted by the chemical bonding theory, 
but that the average optimum layer thickness for maximum bonding 
exceeds the theoretically desirable monomolecular layer (31>34>35)»
The thickness of the deposite was found to be very dependent on both 
the nature and concentration of the coupling agent and can vary 
considerably even under constant coating conditions. Treatment in 
boiling water was found to remove much of the agent, but the 
effectiveness of the layer was only reduced at long boiling times 
when monomolecular thickness was approached. As far as the present 
work is concerned, the mechanism of bonding is not important, as 
long as a strong bond can be developed between fibre and matrix 
and that the correct coupling agent for this purpose for particular
systems may be chosen.
Many authors have demonstrated the improved properties that 
are obtained by treating glass fibre with silanes prior to composite 
lay up. Broutman has measured tensile strength increases of up to 
forty percent in glass fibre/polyester and over one hundred and fifty 
percent in the wet boiled composite, simply by applying a silane 
finish to the fibres (36)., Sterman and Marsden and Plueddeman have 
also found improvements in the mechanical properties of silane 
treated glass fibre filled thermoplastics, compared to the untreated 
glass filled materials (33»37).
Tensile testing is not an ideal method of assessing bond strength. 
Flat plate specimens have been used and these simply pulled apart and 
the load recorded(34). Tests using glass rods embedded in polymer* 
in which the load to extract the rod is recorded have also been used, 
but the relevance of macroscopic tests such as these is questionable 
and tests employing single fibres are to be preferred. Andreevskaya 
has used a fibre embedded in a resin seam supported between two glass 
rods and measured the load to extract the fibre, relating this to the 
bond shear strength at the interface (38)* A similar but more
satisfactory method has been employed by Favre and Perrin who cast\
small resin discs around fibres and again recorded the load to extract 
them (39)* The bond shear strength, r, is then simply given by:-
where ol is the fibre diameter, I the length of embedded fibre and F  
the extraction force. Broutman has designed a trapezoidal specimen- 
designed to fail at the interface in shear or by tensile fibre ■ 
debonding by the application of a compressive load. Thus both . - 
tensile debonding failure and the interfacial shear strength may be 
investigated. The Naval Ordnance Laboratory (NOL) have developed 
a split-dee test which is recognised as a standard test for filament 
wound composites (40 ,41). Shear, compressive and tensile strengths 
can be evaluated from the test, the shear strength giving limited 
information on the effect of surface treatments. Many authors, 
including Harris et. al. (42), use interlaminar shear stress (ILSS) 
as a measure of bond strength, but this is not satisfactory as direct' 
measure of the bond strength since failure at the interface alone 
cannot be assured. However, the ILSS. test is an easy and simple 
method of obtaining a comparative measure of bond strength in plane 
laminated composites.
F
(2.3.1)
Much work on the surface treatment of carbon fibres has been 
performed, it being generally concluded that silane treatments are 
ineffective in promoting adhesion at the interface (32,40,43)* 
Oxidation treatment of fibres using nitric acid or hypochlorite 
solutions have been found to be very effective in increasing 
fibre/matrix bond strength(39)• Scola and Brooks have shown that 
such treatments are very useful and that as oxidation time increases, 
so does the fibre surface area and the composite shear and transverse 
properties (43)* Watt et. al. have also observed a surface pitting 
effect with carbon fibres etched in hypochlorite solution, but not 
with fibres treated electrolytically as in commercial processes (44)* 
Recent work has suggested that chemical bonds may be formed between 
carbon fibres and polymers via oxygen complexes formed on the fibre 
surfaces (45)* The true nature of bonding to carbon fibre is, as yet, 
not entirely understood.
CHAPTER 5. THE PROPERTIES OP ALIGNED CONTINUOUS FIBRE 
COMPOSITES
3.1. COMPOSITE MODULUS
The properties of Aligned Continuous Fibre Composites, 
parallel to the fibre direction, may be derived theoretically using 
only simple mathematics and a few basic assumptions regarding the 
nature of the system (1,3,46,47.)• Fibres are assumed to be 
continuous and parallel, both stiffer and stronger than the matrix 
and both fibre and matrix are considered to behave only in an elastic 
manner. The elastic energy of the system is then evaluated as the 
sum of the,volume averages of the two phases:-
uc = v f u f + v m u m (3.1.0
where (J is elastic energy, y  is volume fraction and the subscripts 
f, m  and C refer to the fibre, matrix and composite respectively. 
Expressing elastic energy in terms of stress ^ and strain £ 
yields equation (3.1.2).
T dc€c = i vf <*f£f “  T  vm d m f m  (3.1.2)
A critical assumption must now be made, which only applies exactly 
to high fibre volume fraction composites, that the strain in the 
fibre, matrix and composite are identical:-
£ m  = £ c = £ f (3-1-3)
This is known as the Voigt estimate and results in equations 
3.1.4 and 3.1.5.
= « f v f -  « m vm 
Ec = E f V,  r E „ V m
Instead of assuming strain compatability, stress compatability may 
be assumed, resulting in equations 3*1*6, 3*1*7 and 3*1*8*
$  — (5 zz (5r (3*1 *6)<JC - Vf
£ c = Vf £ f + v m £ m  (3.1.7)
L = + Vm (3.1.8)
E c
Equations 3.1.5 and 3*1*8 are only approximate expressions and are 
generally referred to as the Voigt and Reuss bounds of the 
‘Rule of Mixtures' in fibre composites.
The Voigt estimate represents the upper hound to composite 
modulus and the Reuss estimate the lower hound and typical values 
are displayed as a function of fihre volume fraction in fig. 3*1*1 •
In the case of continuous aligned fihre composites the Voigt 
estimate is applicable, hut for short fihre, misaligned and 
sometimes low volume fraction fihre composites the assumption of 
strain compatability in equation 3*1 •3 cannot he made, and the 
composite modulus deviates from the simple rule of mixtures expression 
in equation 3*1*5* More rigorous derivations give similar results, 
hut differ slightly from the rule of mixtures due to the inclusion 
of Poisson's ratio terms (48-50)* Hashin and Rosen have used a 
similar strain energy balance and obtained a modified rule of mixtures 
involving a complex Poisson's ratio term (49)* Hill has carried out 
a theoretical analysis in which the composite shear and bulk moduli 
were considered basic to the material and other moduli evaluated in 
terms of these (48). Results obtained all closely resemble the simple 
rule of mixtures. Kelly has evaluated the typical deviation from 
the rule of mixtures to he, at most, two percent, indicating that 
equation 3*1*5 is a sufficiently accurate approximation for most 
purposes (46).
Agreement between experimental moduli and those computed by 
equation 3*1*5 is very good. McDanels et. al. have investigated 
the variation of composite modulus with fibre volume fraction (V^ .) 
and found excellent agreement with the simple rule of mixtures, as 
demonstrated in fig. 3*1*2 (51)* A review of current theories for 
elastic moduli of fibrous composites is given by Rosen in reference 
52.
32
Fig. 3.1.1.
400
Modulus
G N m " 2
200
Fig .3.1.2
Voigt
✓ '  Rcuss
Voigt/Reuss Bounds to Modulus
/
• v *
/
/
/
/
• m •
/
/ /
/
/ •  experim ent (W /C u )  
—  theory
1------ ,------ 1------ 1—
■2 -4 -6 -8
Fibre Volume fraction
7  v f
Variation of Composite Modulus w ith
Fibre Volum e fra c tio n  (5 1 )
33
3.2 FAILURE STRESS AMD THE MECHANISMS OF FRACTURE
On loading a fibre composite parallel to the aligned fibre 
direction fracture can be initiated by one of four possible means
(53)
1. Fibre fracture
2. Interface Shear fracture (debonding) at'^yrj p
3. Matrix Shear fracture at “£1/ -■» _Lum
4. Matrix tensile fracture at rf.. ^  — xux x -o u m
where Uy| is the ultimate fibre stress and Oypp and "the ultimate
matrix stresses in tension and shear. The mechanism with the lowest 
operative stress will dominate, but exact analysis of the initiating 
failure mode is complicated for several reasons. Firstly by the 
presence of residual fibre and matrix stresses introduced during 
fabrication; secondly since the criterion for interface failure and 
fibre end effects are not well understood and'tT jP is difficult to 
measure, and lastly matrix shear and tensile failure are not well 
understood for similar reasons.. However, theories proposed to .explain 
fracture in aligned fibre composites agree reasonably well with 
experiment in some cases, most relying on gross fibre fracture 
initiating composite failure.
Tensile strength has been estimated by many authors using the 
simple rule of mixtures, a modification of equation 3*1-4 (1>3>46,47)•
The assumption must be made that the composite fractures when the 
fibres are raised to a unique failure stress , then the ultimate
composite strength tfy ^is given by equation 3*2.1, where (5pp is the 
matrix stress at composite fracture.
^uc = Vf ^ uf 4 (3-2.1)
If, however, the matrix failure strain does not exceed that of 
the fibre , matrix fracture may initiate composite breakdown before 
the full load bearing capacity of the fibres is reached (fig. 3*2.1), 
and the failure stress is then given by equation 3*2.2, where is
the fibre stress at matrix fracture.
x _ x 1 V . X V (3-2.2)
°uc “°f f °umvm
The rule of mixtures approach is only exact in the limiting case of 
equal fibre and matrix failure strains and should be modified by two 
constants and which are dependent on the component failure
strains (54) (equation 3*2.3)*
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^uc = duf ^  f + cJum vm'^m (5‘2m
Chamis has used a similar equation fitted to experiment by the 
inclusion of theory/experiment correlation factors J3 ^ and^3 pp 
(55) (equation 5*2.4).
du c = rfu f [vf J3f +vm/sm - | f ] (5.2.4)
This approach is extremely simple and ignores variations of fibre 
strength, the presence of random fibre breaks and fibre ends, 
inhomogenflity in the material and flow either in the fibres or matrix. 
Despite this, agreement with the theory can be good, but usually only 
in metal fibre/matrix composites, where fibres possess a unique 
failure stress and random fibre breaks can be accomodated by local 
matrix flow. This has been demonstrated by Kelly using Copper/Tungsten 
composites where agreement with equation 5*2.1 was found to be good 
(46) (fig. 3.2.2).
In some systems the onset of fibre or matrix fracture does not 
lead to composite breakdown and multiple matrix or fibre fracture is 
observed (fig. 5.2.5 )• This phenomenon has been widely reported, 
particularly by Kelly, Cooper, Aveston and co-workers (56-62). In 
systems in which the matrix failure strain exceeds that of the fibre, 
at low fibre volume fractions, the matrix may be capable of supporting 
the additional load thrown on it by fracture of the fibres, and 
multiple,fibre fracture results as the fibres are broken into 
progressively shorter lengths until a critical length is reached.
The condition for multiple fibre fracture is given by equation 5*2.5*
^ u m ^ m  ^  ^ u f  -  o - 2 -5)
The fibres tiius weaken the composite, the failure stress deviating 
from the rule of mixtures and being simply t f u m  (1 - V f) • This 
effect has been observed experimentally (fig. 5.2.2) and results in 
a minimum composite strength at a critical volume fraction ,
which is given by equation 5*2.6.
\/ . _ d u m  -  ° m  f5.2.6)
m m “ <  T  ,x
° u H ( O u m ~ t f r n  '
If the fibre failure strain exceeds that of the matrix, at high 
fibre loadings the fibres may be capable of supporting the additional 
load imposed on them by matrix fracture, resulting in multiple matrix 
cracking, the limiting condition for this being given by equation
(3.2.7) (fig. 3.2.3).
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du f >  ^umMm +( f^ (3-2.7)
The matrix cracks into successively shorter lengths in the limit 
lying between x and 2x, where 2x is that matrix length in which 
the matrix failure strain can just be reached in the centre of 
the length by a process of stress transfer from the fibre. Using 
a simple force balance (equation 3.2.8) a value for x (equation 3.2.9) 
can be derived
show an initial linear region followed by a plateau region of 
constant stress, corresponding to the matrix failure strain where 
the matrix progressively fractures. Finally, when the matrix is
material until the fibres finally fracture. Experimentally, the 
stress is found to increase slowly in the 'plateau' region, and 
Aveston and Kelly (56,60) using a fuller elastic analysis have been 
able to predict this experimentally observed behaviour. Cooper and 
Sillwood have investigated the properties of steel wire/epoxy resin 
composites with varying volume fraction and fibre radii and demonstrated 
good agreement with equation 3*2.9> assuming*^ was constant (61).
A11 interesting discovery was made, that at small fibre radii the 
matrix failure strain was enhanced and an explanation of this 
phenomenon was proposed assuming that two conditions must be fulfilled 
for crack propagation (59). Firstly, the work done by the applied 
stress must be sufficient to supply the surface work of fracture and 
any frictional work done due to differential fibre/matrix displacements 
on crack formation, and secondly the stress in the matrix must be 
equal to its breaking stress. These energies were balanced and the 
second condition applied, resulting in the inequality given in 
(3.2.10), where Ypp| is the matrix surface energy and o< a constant 
dependent on fibre and matrix moduli.
2 N i r r r x = d um Vm (3.2.8)
Theoretically the stress/strain curve for such a material should
where N  = number of fibres per unit area
thus
broken into lengths between x and 2x, the stress increases in the
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Thus if Ynrvm and are independent of fibre size, at small fibre 
radii (r), the matrix failure strain is enhanced.
The major criticism of the simple rule of mixtures approach 
and its modifications is that, although the fibre failure stress 
may be single valued in the case of metal fibres and good agreement 
obtained with experiment with these systems, brittle fibres such as 
carbon and glass possess a distribution of fibre strengths dependent 
on length, degree of surface damage and' other variables. The rule 
of mixtures cannot‘be simply applied in these systems as the fibre 
stress is not single valued, and a consideration of fibre strength 
statistics is thus necessary.
Most high strength fibres are brittle and consequently are 
sensitive to defects such as surface flaws, thus as their length 
increases so does the probability of including a serious flaw in 
that length, and the average strength falls (fig.3.2.4). Unless 
all fibres possess identical strengths, fibre bundles are inevitably 
less strong than single fibres since weak fibres failing at low 
loads throw additional load on the other fibres (fig. 3*2.4). This 
has been demonstrated by Coleman who found that as the coefficient 
of fibre strength variation increased, the bundle strength decreased
(63).
Various mathematical forms for the single fibre distribution 
function have been proposed, but the Weibull function is most 
commonly accepted (equation 3*2.11), where f «J) gives the probability 
of a fibre possessing a strength in the range $ to (5 + d d  and 
the parameters ©< and j5  characterise the distribution (64).
f (d) = L<*/3 d*1-1 exp(-Lc< d /1) (3.2.11)
Coleman has demonstrated the validity of the Weibull distribution 
for fibres possessing no strain rate dependence. The mean fibre 
strength and other parameters such as standard deviation may be 
obtained by simple mathematical manipulation of equation 3*2.11 
(41,58). Fibre bundles may be treated similarly and by assuming 
fibres successively break as the load increases until the unbroken 
fibres are unable to sustain the applied load, a value for the average 
bundle strength may be obtained (equation 3*2.12). Coleman has
shown that for a typical coefficient of variation of ten to twenty
percent, the fibre bundle strength falls to seventy percent of the
Systems possessing brittle fibres with a distribution of strengths 
thus demonstrate complex behaviour, since on increasing the applied 
stress, fibre fracture first occurs at the most severe flaw followed 
by one of three possible mechanisms. Firstly high interfacial stresses 
at broken fibre ends may initiate total fibre debonding, the composite 
behaving as a fibre bundle and the failure stress being determined by 
substitution of the mean bundle strength into the rule of mixtures.
This form of behaviour is rarely observed in practice. Secondly 
a catastrophic matrix crack may be initiated, and the failure stress is 
determined by that of the weakest fibre flaw. This form of behaviour 
has been observed by Cooper and Kelly in metal matrix composites 
reinforced with tungsten wires (65). Finally the initial fibre break 
may be locally accomodated by debonding or matrix flow, permitting 
further increases in the applied load, leading to fracture at less 
severe fibre flaws (41). This latter case has also been experimentally 
observed in aligned continuous fibre composites and may be regarded as 
the dominating failure mechanism in most continuous brittle fibre 
systems. Theories predicting failure stresses based on this mechanism 
have been proposed by Parratt, Rosen and Zweben, these varying only 
in the criterion taken for final composite breakdown.
Parratt proposed that failure occurs when the accumulation of 
fibre fractures shortens the fibres to the point at which they are 
no longer capable of sustaining the applied load, resulting in 
failure by matrix shear (66). Riley and Reddaway have modified Parratt's 
suggestions by applying simple discontinuous fibre theory to obtain 
the average fibre stress <*f (equations 3*2.13 and 14) (67>63 and. 
see section 4*2). As fibres are progressively shortened by fracture,
(3*2.12)
average single fibre strength.
rduf ( l )
2 X  I
- r
(3.2.13)
f = for L < l c (3-2.14)
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their strength Cfyf (J) increases, and in the case of a severe
strength/length distribution, C^f as given by equation 3.2.13
will continue to rise as I decreases until the critical length
is reached, then the stress carried by the fibres is given by
equation 3*2.14. Further increases in composite load cannot be
carried by the fibres resulting in failure by matrix shear. If the
strength/length distribution is less severe, the mean fibre stress
may begin to fall before the critical length is reached. Riley and
Reddaway have applied the theory to Parratt's results on glass filled
polyester and epoxy resin systems, commenting surprisingly that other
sets of data possess too mucK scatter or too few results. A linear
severe strength/length distribution was assumed to apply (verified
by Hale and Kelly (58)) and that failure occurred when fibres have
been reduced to their critical lengths. Substitution into the simple
rule of mixtures yielded equation 3*2.15? where the bond strength was 
-2 Iassumed to be 3MNrci and the length I at fracture 1*52 inches.
Agreement with experiment was found to be good, but a better 
assessment of the theory would have been to compare final fibre lengths
cJuc = Vf 4 dum < 1“  vf ) 0-2-15)
with the calculated value. The theory is at fault in that fibres may 
fracture anywhere along their lengths and that a range of lengths from 
critical to semi-critical inevitably exists, this directly affecting 
the fracture stress through equation 3*2.15* Fibre interaction is 
also neglected and the value of bond strength measured by simple pull 
out tests is extremely low and thus questionable, throwing some doubt 
on the apparent agreement between theory and experiment.
Rosen and co-workers have modified the Parratt theory, considering 
the strength"of the material to be governed by the statistical 
accumulation of fibre fractures, this being termed the cumulative 
weakening theory (41,55}69-72). The failure point is defined when 
random fibre breaks have weakened one layer of the composite so that 
it can no longer sustain the applied load. Each fibre break was only 
considered to render the fibre ineffective over an adjacent character­
istic length termed the 'ineffective length' 1 . This is similar to the£
critical transfer length defined by Kelly and Tyson (67). The composite 
was assumed to be composed of a series of layers, each consisting of a 
bundle of fibre elements of length 1 embedded in the matrix. It was 
further assumed that the entire length of a fractured fibre in the 
layer becomes ineffective, the load being equally redistibuted between 
the total remaining fibres in that layer. This is equivalent to
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neglecting stress concentrating effects due to fibre ends.
The ineffective length is given by equation 3*2.16, where G m
is the matrix shear modulus.
I  JLf ( 1~ Vf )'>2 (3.2.16)
2r "
Igk is independent of fibre stress, which is unrealistic since this 
implies that matrix stress adjacent to fibre ends are not limited 
(by interface or matrix shear strength) and can be of the same order 
as the fibre fracture stress, contrary to experimental evidence. Rosen 
used-0*09mm diameter E-glass fibres in epoxy and viewed these, under 
load, using transmitted polarised light. Fibre breaks appeared dark, 
since these regions are less highly strained and thus less birefringent. 
Reduction in stress was shown to be localised around fibre breaks and 
away from the area the fractured fibres carried load. The load in 
the broken fibres was observed to be transmitted only to adjacent 
fibres and not over the entire cross-section as assumed, this 
appearing as a local brightening adjacent to the dark areas. It was 
also clear from experiment that the ineffective length increased as 
the fibre stress increased, contrary to Rosen's theory.
Following the argument due to Hale and Kelly, a quantitative 
expression may be obtained, firstly by evaluating the strength of 
fibre elements, then that of the bundles of elements in a layer using 
a weakest link theory (58)* The strength is then given by equation
3.2.17, where the number of elements in a bundle is assumed to be 
large.
tfu c =Vf (3.2.17)
The Rosen treatment explains the observed cumulative damage and also 
the fact that reproducibly high strength composites can be 
manufactured from fibres possessing a marked strength/length effect. 
However, many of the assumptions implicit in the theory concerning 
redistribution of stress around broken fibres, and the ineffective 
length conception, were shown by Rosen's own experiments to be false. 
In addition stress concentrations were neglected and failure stresses 
predicted by equation 3*2.17 generally higher than observed 
experimentally (fig. 3*2.5)*
Zweben has further modified the Rosen theory and proposed a non- 
curnulative fracture mode which agrees with the experiments performed 
by Rosen (55,58,71-73)* Zweben quoted the work by Iledgepath, who
AO
considered the stress concentration in fibres adjacent to 1 broken 
fibres in a two dimensional system, which was found to be considerable, 
over double the average stress for I equal to four. The number of 
groups of I adjacent broken fibres was shown to be given by equation
3.2.18, where G(d) is the cumulative stress distribution function
k * t hj the stress concentration factor for an I order break.
This analysis was extended to three dimensions, assuming square fibre 
packing, by Zweben and Rosen who derived an equation expressing the 
expected number of i broken fibres, E-j , as a function of the 
number of fibre elements N , the stress , and the probability 
function G«J> This is given for the case of broken fibre pairs
( I =2) in equation 3*2.19*
n i=n-M  [2G(k|a)-0(kU l <J ) - G « * ) ]  (3-2-18)
Ei(d)=NG(cS) [1-(1-G(k,d)+G(d))*] (3-2-u)
Comparison with experiment (fig 3*2.5) using results from a 
Boron/Aluminium composite system led Zweben and Rosen to take the 
occurrence of the first multiple fibre break ( | = 2) as the failure 
criterion, thus equation 3*2.19 was se-t to unity and values for the 
failure stress were obtained. Since the equation depends on N , 
failure stress should be a function of specimen size. Agreement 
between theory and experiment was shown to be good (fig. 3*2.5), 
which was to be expected since the theory was fitted to experiment.
The theory was calculated-using stress concentration factors ( k) 
for high volume fraction specimens, but k varies with interfibre * 
spacing and thus volume fraction, making calculations at low volume 
fractions where k is not well known more difficult.
The failure stress of a high volume fraction (V^  = 0*57) carbon
fibre filled epoxy has been calculated by the rule of mixtures, the
Parratt theory, the Rosen theory and the Zweben theory, and compared
with experimental results due to Abrahams and Dimmock (74) in table
3.2.1. The rule of mixtures value was obtained using equation 3*1*4,
_2
assuming a mean fibre strength of 2*48 GNm (29). The Parratt 
theory value -was obtained using a higher value of fibre strength, 
for fibres of critical length, hence the predicted composite strength 
was higher than the rule of mixtures value. By calculating the 
Rosen ineffective length Iq and substituting into equation 3*2.17, 
the failure stress was again calculated and a very high value obtained. 
The Zweben theory is shown to agree most closely with experiment, and 
at present would appear the most satisfactory method of computing 
failure stress in brittle fibre composite systems.
- Table 3.2.1 -
Failure Stress of a continuous High Modulus aligned carbon fibre 
filled epoxy resin. Comparison of major failure theories with 
experiment. (V^. = 0*57)
SOURCE , MAXIMUM STRENGTH 
MNnf2
Rule of Mixtures
(1,3)
1420
Parratt theory 
(66,68)
1470
Rosen theory
(41,55,69,72)
2260
Zweben theory 
(55,58,71,73)
570
Experiment
(74)
550
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CHAPTER 4. THE PROPERTIES OF MISALIGNED CONTINUOUS FIBRE 
COMPOSITES
4.1. COMPOSITE MODULUS 4
The properties.of continuous aligned fibrous composites decrease 
rapidly with increasing angle between the fibres and the test 
direction, primarily due to the increasing influence of the 
fibre/matrix bond strength and matrix shear properties on the behaviour 
of the composite. A knowledge of this variation is of supreme 
importance when designing with composite materials and predictions 
may be made using the basic properties of the fibre and matrix and 
the assumption that both behave in an elastic manner. Many authors 
have derived equations expressing the variation of modulus with 
fibre angle, based on a knowledge of composite axial modulus E , 
Poisson’s ratio , shear modulus G c.t transverse
modulus ET . The former two can be evaluated from the rule 
of mixtures, but the latter two properties require a more complex 
treatment. Tsai has performed these calculations and assumed a 
square packed array of fibres (72^  Elasticity theory was applied 
and the equations solved by computer using finite difference 
techniques. Once the major elastic constants have been evaluated, 
transformations may be made to estimate the elastic moduli at any 
angle 0  to the fibres. Equations of the form given below 
result (4.1.1) (1).
cos^Q t sin^O + _1_ _ , 2~A-t sin@cos0
E u E-r G ut El.
Dimmock and Abrahams have investigated experimentally the variation 
of composite modulus with angle in glass fibre/polyester and 
carbon fibre/epoxy systems, and demonstrated excellent agreement 
with theory. A typical set of results from a carbon fibre/epoxy 
system (V = 0*57)'is given in fig. 4.1.1* The modulus was shown 
to decrease rapidly with increasing fibre angle, demonstrating the 
extreme anisotropy of these materials. This has been overcome by 
the use of laminated composites, with the fibres in each ply 
arranged at different angles according to the applied stress direction. 
However, stiffness in the primary fibre direction is inevitably 
reduced to achieve this pseudo-isotropy simply because there are 
less fibres in the principal direction.
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4.2. COMPOSITE STRENGTH AND FAILURE MECHANISMS
At small fibre angles, the fibre failure mode detailed in section
3.2 is still predominant and strength may be estimated by the theories 
previously discussed. At higher angles, the other failure mechanisms 
outlined in section 3*2. may occur, such as interface shear fracture, 
matrix shear fracture or matrix tensile fracture. Kelly and Davies 
have attempted to predict the variation of failure stress with fibre 
angle using a maximum stress theory applied to a reinforced metal 
composite in the plastic state considering the failure modes at 
different angles individually (75). The basis of the theory has 
existed since 1920 and propounds three modes of failure (76). Firstly 
fibre failure in tension occurring in the fibre angle range 0°^: 0  ^  5 ° 
secondly matrix shear* failure parallel to the fibres in the range 
5 0  6 0 c *and thirdly transverse fibre failure at higher angles.
The stress to initiate this first mode, (Sq , is given by equation
4.2.1.
tfu f = dc c °sa0  (4.2.1)
The second mode is initiated by a stress d^ given by equation 4*2.2, 
where is the ultimate matrix shear stress.
-fu = dc sin Q c o s 0  (4.2.2)
Use of an elevated value of '"ty in this equation was found to 
predict results more in agreement with experiment, probably due to 
a matrix constraint by the fibres. The third mode is initiated at 
a stress given by equation 4.2.3, where ^up is the ultimate fibre 
strength in plane strain, but would be replaced by either the 
ultimate matrix strength or tne interfacial tensile strength in a 
resin based composite.
d U p = dc sir?0 (4.2.3)
The failure mode with the lowest operative stress at a particular 
fibre angle was assumed to dominate composite failure. Kelly and 
Davies have also compared the theory with experiment (fig. 4*2.1) 
for a typical metal matrix composite and obtained good agreement.
Lavengood et. al. have proposed a theory for failure in the 
fibre angle range 2 0  < 0  « 9 0  , which is similar to the 
Kelly/Davies theory, except that the two failure modes dominating in 
this region have been combined rather than considered as separate 
mechanisms (77). The theory is based on a constant maximum tensile 
traction on the rupture plane (parallel to the fibres).
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Agreement wit a experiments using glass fibre/epoxy beams and with 
v/ork by Jackson and Cratchley, Azzi and Tsai, and Cooper was shown 
to be good, but the theory was unable to predict strengths at angles 
below twenty degrees where the fibre failure mode dominated.
Azzi and Tsai (78), using a theory first propounded by Hill (79) 
known as the maximum distortional work theory, have proceeded one 
stage further and proposed a continuous function describing the 
variation of fracture stress with fibre angle over all angles. This 
equation is given in 4-2.4 where S q and d7 are the strengths 
parallel and perpendicular to the fibres and the composite shear
strength. The theory is based on the Von Mises criterion which was
d e-2 =cfr^ s i n v0  + dja cos*0ifc4 - o c'1 )siHle c o s a'e (4 .2 .4 )
used to stipulate the stress condition at failure. The theory was 
verified experimentally by Azzi and Tsai using glass fibre reinforced 
resin, good agreement being obtained. This theory is more satis­
factory than the latter two since the possibility of combinations of 
failure modes occurring was allowed for. Holister and Thomas have 
presented a useful review of these theories (78).
Tsai has discussed both the maximum work and maximum stress theories 
and also mentioned a maximum strain theory, similar to the maximum 
stress theory, but based on the ultimate failure strains of the three 
modes (81). Experiments were performed on aligned and laminated 
E-glass fibre/epoxy composites and results were found to agree most 
satisfactorily with the maximum work theory.
Tsai and Wu have given a complex mathematical treatment of strength 
variation with angle for general anisotropic materials, which is 
applicable to fibre composites (82). Essentially this is a 
modification of the earlier theory by Azzi and Tsai to account for 
positive and negative multiaxial stresses in generally anisotropic 
systems. Again., theory apparently agreed well with experiment.
Dimrnock and Abrahams have investigated the strength variations 
with fibre orientation using carbon and glass fibre composites and 
demonstrated good agreement with both the maximum stress and work 
theories at high angles where the two theories predict similar values 
(72). At small angles-experimental results from carbon fibre/epoxy 
systems agreed more satisfactorily with the maximum stress theory, 
but results from glass fibre/polyester systems agreed better with the 
maximum work theory, although considerable scatter was obtained in 
all cases. The authors mentioned a very important point, that the
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rule of mixtures overestimates longitudinal composite strength and 
takes no consideration of fibre and matrix flaws. Thus differences 
in values at small angles may be due to changes in the fracture 
mechanism,- not accounted for by any of the theories.
Experimental work thus demonstrated that none of the theories 
predicts strength variation with fibre angle accurately for all 
systems and that each theory is an oversimplification in some respedt. 
The maximum stress and strain theories wrongly assume independent 
fracture modes and the maximum work theory assumes the rule of 
mixtures can accurately predict composite longitudinal strength, which 
is not the case. The rule of mixtures prediction has been shown to 
be more accurate for the glass fibre systems where interfacial shear 
strengths are low, but in carbon fibre systems with high interfacial 
shear strengths the effect of random fibre fractures can only be 
transferred over relatively short distances, resulting in large local 
stress concentrations and the possibility of premature failure.
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CHAPTER 5. THE PROPERTIES OE DISCONTINUOUS ALIGNED FIBRE 
COMPOSITES
5. THE PROPERTIES OF DISCONTINUOUS ALIGNED FIBRE COMPOSITES
In discontinuous fibre systems there is the added complication 
that the polymer is the only continuous phase and not only has to 
bind the fibres together, but also to transfer the stress to the 
fibres. On application of an external load, the axial elastic strains 
of the fibre and matrix are different, giving rise to shear strains 
at the fibre/matrix interface. The resulting shear stresses are the 
means by which longitudinal fibre stresses are built up. The matrix 
is thus stiffened by the constraining action of the fibres, since a 
higher stress is now required to strain the composite to the same 
extent as the unfilled polymer. This, combined with the inevitability 
of fibre overlap preventing an easy fracture path through the matrix, ' 
also results in higher failure stresses. The nature of the interface 
is extremely important and determines to a large extent the properties 
of the composite. In highly bonded systems, interfacial shear stresses 
can be high and longitudinal fibre stresses are built up over a short 
distance from the ends, resulting in more efficient fibre utilisation 
than in weakly bonded systems. However, stress concentrations at the 
fibre ends also produce relatively high stresses in the adjacent 
matrix, which can have a deleterious effect on the composite if the 
matrix is brittle and unable to accomodate them by local plastic flow, 
so that premature failure might result at relatively low composite 
strains.
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5.1. STRESS TRANSFER TO SHORT FIBRES
Kelly and Tyson have considered the specific case of short 
elastic fibres embedded in a metal matrix in the plastic state 
obeying the Tresca yield■criterion (equation 5*1«1), thus assuming a 
constant interfacial shear stress, X  (67). Forces at the interface
=T  = constant <3x^x5, (5.i.i)
were balanced and integrated to yield the fibre stress Of as a 
function of length X , where I is the fibre length and fr the
radius.
2frr,.dx = —dF, 
Ft = — 2-n-rf irx  + C
(5.1.2)
at x = I-/2 = 0 thus C = 2f>rj-t- ^2
thus
- ^ - x2
(5.1.3)
f
Since the shear stress is constant, the fibre stress builds up 
in a linear fashion from zero at its ends, to a maximum value where the 
fibre strain equals that in the matrix, over a characteristic length 
known as the semi-critical transfer length ( W 2 ) given by 
equation 5«1«4 (fig. 5*1.1).
1 - i * £ f _  (5.1.4 )
The Kelly/Tyson or ’shear lag' analysis can be applied to any 
composites in which the fibre/matrix bond is constant, such as 
resin/matrix systems in which the bond has broken and stress is 
transferred to the fibre by friction alone. Outwater first presented 
this approach specifically applied to fibre composites, in which 
friction was assumed to be a function of interfacial pressure 
developed by differential fibre/matrix shrinkage on curing (85).
This also results in a constant interfacial shear stress and a linear 
stress increase in the fibre over a characteristic length given by 
equation 5 . 1 where is the coefficient of friction at the
interface and n  the radial pressure on the fibre.
_lc_ _ £ E f rf (5.1.5)
2 2 jun
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This can be demonstrated to be identical with the Kelly/Tyson theory
and £ Er with (Sif f whichby substituting "T* for n 
generates equation 5*1*4*
Another set of theories have been formulated, which rely on perfect 
fibre/matrix bonding, the first being proposed by Cox in a two 
dimensional study of the fibrous nature of paper, but which is 
applicable to short fibre composites (84)r The model considered 
consisted of a fibre of length I perfectly bonded to a matrix strained 
homogeneously to a value £  in which no stress transfer occurred 
across the fibre end. The fibre load P , at a distance X from 
the end was assumed to be directly related to the difference of the 
matrix displacements U and V in the presence and absence of the 
fibre (equation 5.1*6)*
• |£ -=  H ( u - v )  r5.i.6)
H is a constant dependent on the fibre and matrix properties and 
the fibre volume fraction of the composite. Applying simple elasticity 
theory, equation 5*1*7 can he derived, where Ef and Epp are the 
Young’s moduli of the fibre and matrix and A f  the fibre cross- 
sectional area. Differentiating equation 5*1.6 and substituting 
5.1.7 yields equation 5*1*8> a second order differential equation.
P s  ' W f - f
du (5 .1 .7)
daP
d x l
= H
Af(Ef Em ) - £
(5.1.8)
This can be solved and on dividing by the fibre area an expression for 
the fibre stress as a function of distance X obtained (equation
5.1.9)
df £ _ cosh>3( ^2" x ) cosh/31/2
(5.1.9 )
where is given by equation 5*1.10 and is directly related to the
rate of stress transfer to the fibre.
J3 =/7 / t - H  ~ T  (5.1.10)
vAf (Ef-Em )
Provided the fibre length is sufficient, a stress variation as 
demonstrated in fig. 5»1«2 is obtained, having a maximum value of 
6 ( E f -E m  ) • A critical transfer length may be defined, as that 
length required for, ( 1 -  > e ) of the maximum stress to be realised 
in the fibre (equation 5*1 *1.1 )• This can be evaluated by substituting 
exponentials for the hyperbolic functions in equation 5 « 1 w h i c h  
yields equation 5 ,1 .1 2 (neglecting small terms), and applying this 
to the definition of Iq , resulting in equation 5*1•13*
d m a x ; d f ( lc/2  ) _ 1 
<5 max ©
df = ( Ef - Em) £ [l -  exp ( - / x  )]
l C - 4 -  (5.1.15)
/3
Shear stress at the fibre/matrix interface may similarly be evaluated 
and an equation of the form given in 5•1•14 obtained, which is also 
displayed in fig. 5*1»2.
r  = (Ef-En«) 'ffy3 s i n h ^ ( ^ - x ) (5.1.14)
^  m 2 cosh /3 l/5
Dow has presented a very similar analysis to that due to Cox, 
using the same assumptions and in addition assuming that straight 
lines in the system remain straight before and after deformation (85). 
Fibre and matrix displacements at the interface were considered and 
using a force balance, equations for shear and tensile stresses in 
the fibre were obtained. Equation 5•1•15 presents this fibre stress 
variation as a function of length X , where depends on the 
elastic moduli and fibre/matrix dimensions, and Peff is the 
effective load producing shear deformation at the interface*
d f= Peff c o s h ^ ^ r f  (5.1.15)c o s h * l /2 r fAf +.Af _Em 
Ef
The predicted stress build up is very similar to that developed by
Cox.
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Rosen has further developed this theoretical approach "by 
considering a fibre surrounded by a thin matrix cylinder embedded in 
material with average composite properties (86,87). Similar assumptions 
were made, and in addition the fibre and average composite material 
were assumed to carry only tensile stresses and the matrix only shear 
stresses. Using a force balance on a fibre element, equations for 
tensile fibre stress and interfacial shear stress were developed, 
resembling those of the Cox and Dow theories. The variation of tensile 
fibre stress with length is given in equation 5*<1.16, where rm and 
r^are the radii of the matrix and composite cylinders considered and 
n is a function of the moduli and dimensions of the fibre and matrix.
cosh nx_ dc rcl  Ef
f E C (rc*-rmx )*Ef rf*
1- cosh nl (5.1.16)
The expression derived by Cox, Dow and Rosen are all of a similar form, 
given by equation 5*1.17» and differ only in the values of the constants
X and Y r j
(5-1.’17)df =x
t cosh( 2 x )Y
cosh Vl Y
In some systems a combination of the Kelly/Tyson/Outwater and 
Cox/Dow/Rosen theories might best describe composite behaviour. The 
central portion of the fibre might behave in an elastic manner’ and 
approximate to the latter theories, but near the fibre ends, where 
interfacial shear stresses are high, the matrix may flow or the 
chemical bond fail, so that the Kelly/Tyson or Outwater theories are 
applicable. Piggott has attempted to combine these theories to 
describe such situations, firstly in systems where matrix flow may 
occur over fibre end regions and secondly where the chemical bond fails 
at the interface and friction brought about by Poisson's ratio effects 
and differential fibre/matrix shrinkage is relied on to transfer stress 
to the fibre. Very complex equations result and agreement with 
experimental data from metal matrix systems is not good (88,89).
All theories discussed are founded on assumptions which are 
oversimplifications and thus only moderate experimental agreement is 
to be expected. The Outwater theory is the most satisfactory 
approximation to weakly bonded systems, such as resin matrix 
composites and the Cox, Dow and Rosen theories to high bond strength 
systems, with the Kelly/Tyson theory best describing the behaviour 
of metal matrix systems. Stress concentrating effects of fibre ends
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are neglected and the theories grossly underestimate shear stresses ¥ 
at fibre ends, as demonstrated by Kelly in a comparison of photoelastic 
model systems with the Cox and Dow theories (46) (fig. Thus
all these theories are applicable only to low volume fraction composites, 
where fibre interactions and stress concentrations can be neglected.
The concept of a critical transfer length has been discussed by 
Kelly in a recent review paper, where the critical length Iq was 
defined as the minimum fibre length required to achieve maximum stress 
in the central fibre region, where matrix and fibre strains are equal 
(56). This is clearly demonstrated in fig. 5*1.1 T°r subcritical and 
supercritical fibres. Values of Iq have been computed by the different 
theories for a standard system and compared in table 5*1•1 * Evaluation 
of Iq for the Rosen and Outwater theories involve terms not 
experimentally available, but values are likely to be comparable with 
the Dow and Kelly/Tyson theories respectively. Values of critical 
length are shown to differ little from theory to theory and consequently 
the Kelly/Tyson approach is most frequently used, simply for convenience 
of use. Critical length may be evaluated using- equation 5.1*4> but this' 
assumes a knowledge of fibre failure stress and interfacial shear 
strength, both parameters being difficult to measure experimentally,
Kelly and Tyson have evaluated Iq by examining fracture surfaces, 
and recording the fraction of fibres that pulled out without breaking 
' ' ' ’ then substituting into
, Composite modulus can now be quite accurately estimated in short 
fibre composites using a modified rule of mixtures approach, where the 
only additional assumption is strain compatability. Equations 5*1.19
Cox theories respectively. In systems employing subcritical length 
fibres, matrix stiffening is much less, and the composite modulus in 
this case is given by equation 5*1.21 (Kelly/Tyson).
equation 5*1.18. (56,67). Agreement wl 
reasonable.
theory was found to be
(5-1.18)
and 5.1.20 give the composite modulus E q using the Kelly/Tyson and
E c = E f V f ( 1 - k ) . E m V m
(5.1.19)
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Ec - E f Vf ( 1 - < M > k )  E mVm (5-1.20)
Ec = Ef vf -27; * EmVm
(5.1.21)
- Table 5.1.1 -
Theory 
due to
Computed 
value of [.£
COX 0»21mm
DOW 0•11 mm
KELLY/
TYSON 0«25mm
Computed values of critical length according to the Cox, 
Dow and Kelly/Tyson theories, for a glass fibre filled 
polyester system with the following properties.
Fibre failure stress = 2*07 GNm 
Matrix shear stress = 50 MNm
Fibre volume fraction = 0*5
-2
Fibre radius = 0*006mm
Fibre Young's modulus =70 GNm-2
In table 5«'l«2, values of E^ computed by equation 5»1»19 are compared 
with experimental results due to Dingle, using 6mm fibres of high 
modulus carbon fibre in epoxy resins, and excellent agreement between 
theory and experiment is obtained (90). The Cox theory predicts very 
similar values. The effects of stress concentration neglected by these 
theories is thus shown to be of little importance in the determination 
of composite modulus. Deviations may be expected at low volume fractions 
when the matrix can strain more than the fibres, invalidating the - 
assumption of strain compatability.
More recently a technique termed finite element analysis has been 
applied by several authors, including Chen, to both unidirectional and 
random discontinuous fibre composites (91). This technique involves 
consideration Of the system as an assemblage of elastic elements joined
59
- Table 5.1.2 -
Comparison-of experimental results due to Dingle (90) with 
composite moduli predictions using a modified rule of mixtures
Fibre Volume 
Fraction
Experimental 
Modulus GNm ^
Calculated 
Modulus GNm"*^
0-24 83 . 85*2
0.51 107 109
0.42 141 147
at discrete nodes, then by summing the moduli of adjacent elements at 
each node, a modulus matrix for the whole material may be obtained.
In this manner the whole system can be characterised including any 
stress concentrating effects and other discontinuities, with the 
proviso that behaviour is entirely elastic. The mathematics involved 
is complex, a computer solution being required. Chen has used the 
Kelly/Tyson results from a tungsten/copper system and compared the 
shear lag and finite element theories, better agreement being obtained 
with the latter. Since the simple modified rule of mixtures approach 
is capable of predicting composite modulus reasonably accurately, a 
complex technique such as this is hardly justified on the basis of the 
results obtained, and is perhaps more suited to complicated systems 
where simple theories cannot be applied.
5.2. FRACTURE STRENGTH AND MECHANISMS OF FAILURE
In discontinuous fibre systems, fracture may be initiated bjj 
fibre breaks or debonding, as in the continuous fibre case, but there 
are alternative mechanisms axrising from the presence of fibre ends.
Discontinuous fibre composites utilising fibres possessing unique 
strengths, such as metal wires, may be analysed using a simple 
modification of the rule of mixtures as proposed by Kelly and Tyson 
(67). The average fibre stress is given at failure by equation 5*2.1, 
which can be substituted into the simple rule of mixtures equation to 
obtain an equation for ultimate composite stress (5.2.2). Using the 
Cox expression equation 5*2.3 results.
These equations assume that the composite fails as a result of many 
fibres fracturing at a unique stress and neglects the stress concen­
trating effects of fibre ends, but if these can be locally accomodated, 
premature failure might be avoided and this simple approach apply.
This has been shown to be the case by many workers using metal fibre/ 
metal matrix composites and agreement between experiment and equation
5.2.2 was found to be excellent up to fibre volume fractions of sixty 
percent (46,67,75>80). Even in metal matrix systems, where stress 
concentrations can be locally accomodated by matrix flow, the effect 
of stress concentrations and fibre interactions becomes important at 
high fibre volume fractions, and deviations from the Kelly/Tyson 
equation occur. In brittle matrix systems, such as epoxy and polyester 
resins, significant matrix flow cannot occur to relieve stress 
concentrations, but if the fibre/matrix bond is low, fibre debonding 
might locally contain these stresses and the material approximate to 
the Kelly/Tyson equation. This has indeed been observed in glass fibre/ 
epoxy systems,: where excellent agreement was obtained using equation
(5.2.1)
^ u c  = (*U f Vj;
(5.2.2)
U C “ w f
5.2.2 (92).
61
Riley has made an attempt to include the effects of fihre ends by 
considering the local stress discontinuity at an end surrounded by 
hexagonally packed continuous fibres (93). The load discontinuity 
was assumed to be equally shared amongst the six adjacent fibres, 
implying that only 6/7 ths of the fibre strength is utilised. . Equation
5.2.2 can then be modified to include this assumption, yielding equation
Although strictly equations 5.2.2 and 5.2 .4 apply only to composites 
with unique fibre strengths, the two equations have .been compared in .v. 
fig. 5*2.1 with results extracted from work by Dingle using 6mm type 1 
carbon fibres aligned in epoxy resin (90). Agreement is good at low 
volume fractions with the Kelly/Tyson theory, where fibre interaction 
is small, but results are seen to lie closer to the Riley theory at 
higher volume fractions, where fibre interaction is important.
Attempts have been made to use finite element analysis to predict 
failure stress, but the analysis is purely elastic and thus of little 
importance in predicting composite strengths (91).
Systems utilising brittle fibres of variable strength cannot be 
treated so simply. Lees attempted to do so and predicted failure 
stress using a form of equation 5*2.2, but found that predicted values 
exceeded those measured experimentally (94)• Lavengood has observed 
a similar effect in glass fibre/epoxy composites, in which fracture 
occurred at only sixty percent of the fibre failure strain. The polymer 
matrices were also altered and failure strain was found to be unaffected, 
and it was concluded that fracture occurred by fibre'failure 
at strains below the average fibre failure strain (95)• Tn brittle 
fibre/brittle matrix composites with a relatively high degree of 
bonding, the effects of fibre ends and random breaks cannot be ignored, 
as demonstrated by these experiments. In these systems the theories 
due to Parratt, Rosen and Zweben, suitably adapted for discontinuous 
fibres, may be applied to predict composite strength.
The Parratt theory modified by Riley and Reddaway requires no 
further modification, since as long as fibres exceed the critical 
length initially, they may be treated as initially, fractured in a 
discontinuous system (66,68). As the composite is loaded the fibres 
simply progressively fracture into shorter lengths, as in the continuous 
fibre case, and strength is given by equation 5*2.5* Failure then occurs
lh/1
^UC ~
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by matrix shear since the fibres are no longer capable of supporting
the applied load. Discontinuous fibre systems are thus predicted to 
be as strong as continuous fibre composites, contrary to experimental 
evidence which shows that discontinuous fibre systems always possess 
lower strengths. The serious flaws in this theory, discussed in chapter
4.2, apply equally here as for the continuous fibre case.
The Rosen cumulative weakening theory has been applied to discon­
tinuous fibre composites by Friedman (96). The theory was modified 
by considering the fibre ends in a discontinuous system to be 
equivalent to an initial distribution of fibre fractures and the failure 
stress calculated on the basis of further weakening of one cross-section 
by fibre fracture until it was unable to support the applied load. 
Failure stresses predicted by Friedman were indeed lower than for the 
continuous fibre case, as observed experimentally. Fibre length is 
also accounted for, since the shorter the fibres the larger the number 
of ends present, which is equivalent to a larger initial■distribution 
of fibre fractures. Stress concentrations are, however, neglected and 
the theory suffers from the same faults as in the continuous case.
The Zweben theory can also be used to predict failure stressVin 
discontinuous systems (71-73)* The large number of inherent 
discontinuities present cause fibres to break at low stress levels, 
forming pairs each consisting of a fibre end and an adjacent break.
It was found that these do not propagate until significantly higher 
stress levels, thus Zweben assumed composite breakdown occurred on 
the formation of the first triple discontinuity (fibre ends or breaks). 
The stress at which the first triple break was formed (i.e.E^ 0 * )=1) 
was taken as the composite failure stress.
The Parratt theory grossly overestimates strength in discontinuous 
systems and warrants no further mention. The Kelly/Tyson cumulative 
weakening and Zweben theories have been compared with experimental 
results from an AlgO^/Al composite (V^  = 0*2) and displayed in 
fig. 5.2.2 (72). Experimental results are shown to agree most 
favourably with the Zweben theory, the other theories grossly over­
estimating strength.
(5.2.5)
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CHAPTER 6. THE PROPERTIES OF FIBRE REINFORCED THERMOPLASTICS 
( FRTP )
6. PROPERTIES-OF FIBRE REINFORCED THERMOPLASTICS (FRTP)
The main factors controlling the properties of PRTP are fibre 
length, dispersion, orientation and concentration, and fibre/matrix 
interface properties, subject to the necessity for good mouldability 
(97)• Theoretically good fibre dispersion is desirable, but this may 
lead to considerable fibre attrition in the compounding stages and 
consequential diminution of properties, however processing routes 
are available in which this is minimised (22-25). The requirement of 
good mouldability limits the maximum fibre length and volume fractions 
that may be utilised, since the materials become increasingly difficult 
to mould at high fibre lengths and loadings. Most authors agree that 
high fibre length, and volume fraction are desirable- and that as these 
are increased the moduli and strength of the mouldings increases.
The degree of interfacial bonding affects the rate of load transfer 
to the fibres, since the critical transfer length varies as the inverse 
of the fibre/matrix bond strength; thus as the bond strength is increased, 
the critical fibre length decreases and short fibres are utilised more 
efficiently. Fibre reinforced thermoplastics are, thus, amongst the 
most complex of composite materials, consisting of a viscoelastic matrix 
with short fibres of variable length and orientation. No complete 
mathematical analysis has yet been presented, but a combination of 
empiricism with adaptations of models appropriate to the simpler 
composites has furthered our understanding of these materials.
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6.1. COMPOUNDING AND MOULDING METHODS
The method of compounding fibres into a thermoplastic matrix affects 
both the alignment of the fibres and the degree of fibre attrition and 
consequently also the properties of the finished material. Early 
work in the field employed melt compounding techniques, where fibre 
and molten polymer were mixed, frequently us,ing an extruder, the 
extrudate being chopped into small granules for subsequent injection 
moulding (8,98)* This technique leads to considerable fibre attrition 
and loss of potential properties. The melt extrusion process has been 
considerably refined, with the result that less fibre breakup and 
better fibre dispersion are attainable, and' this compounding method 
is used commercially by several manufacturers in Europe and the U.S.A.
(99)• The major improvements are due to the use of twin screw compounding 
extruders, which possess the additional advantage that fibres may be 
introduced downstream from the hopper, directly into plasticised polymer, 
leading to even less fibre breakup. The.strands of filled polymer are 
then either chopped at the die face, or more frequently pulled away 
from the extruder by feed rollers, cooled, and then pelletised. The 
granulated material may then be moulded by conventional means, such as 
extrusion, compression moulding or injection moulding. With glass 
fibre the degree of attrition can be controlled to some extent by using 
stiff sizes which retain the strands intact for longer than conventional 
fibre finishes.
The second major compounding method employed is coaxial extrusion, 
in which continuous fibre rovings are passed through the crosshead die 
of an extruder where the polymer to be reinforced is extruded around 
each roving. The coated rovings emerge from the die consolidated into 
a single strand, which is cooled and chopped to form moulding granules. 
This technique has been described in some detail by Bader and Bowyer 
(22) and moulding compounds with the coaxial pellet configuration are 
commercially available in the U.S.A. (100). This process leads to even 
less fibre attrition and consequently superior properties over the melt 
compounded material (23—5}
Other minor compounding methods have been proposed, but are of 
little commercial importance. Attempts have been made to align fibres 
during the melt compounding stage by rapid drawing of the extrudate and 
chopping this into long lengths, but use of this material is limited 
since only compression moulding may subsequently be used (94,101).
Chopped fibres and powdered polymer may simply be compounded using 
compression moulding alone, but problems with insufficient wetting out
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of the fibres are frequently encountered resulting in inferior 
mechanical properties (102). Mixtures of two fibrous forms, one at 
least of which is a thermoplastic fibre, have been used by a major 
British company to form a solid reinforced material, usually by 
compression moulding (103). The fused material may also be granulated 
and then used as a moulding compound.
In addition to fibre length,orientation is also affected by the 
compounding and moulding operations and this too can substantially 
affect mechanical properties, greater alignment leading to superior 
properties. This is determined to a major extent in an injection 
moulding process by the flow properties of the fibre/polymer melt 
and the mould and runner design. It has been shown theoretically by 
Parratt that a region of convergent flow can result in considerable 
fibre alignment in low volume fraction composites and that a region of 
such flow might usefully be employed during injection moulding (3). 
Thomas and Hagan have investigated the flow properties of glass fibre 
reinforced polypropylene with varying fibre loadings, by measuring 
the melt viscosity (104). At low fibre loadings (10-30 wt. %) the 
filled material was found to flow more easily than the original 
polymer, an anomaly which was thought to be due to polymer degradation 
in the filled compound affecting its viscosity. The relevance of this 
work is limited, since relatively low shear rates compared to those 
experienced during injection moulding were employed. Goettler has 
investigated fibre orientation during a small scale injection moulding 
process termed transfer moulding, in which partially cured E-glass 
fibre/epoxy resin mixes were forced into a simple bar cavity mould 
(105). The effects of gating and flow rates were investigated and it 
was indeed found that a region of converging flow produced high fibre 
alignment along the flow.direction. Slow flow rates•through small 
gates at high mould temperatures (low compound viscosity) produced 
maximum orientation along the flow direction. Unfortunately high 
flow rates are often required during injection moulding to prevent 
freezing of the polymer in the gates, particularly with polymers 
possessing sharp melting ranges such as polyamides (14). Small gates 
are also preferable, but these lead to considerable fibre attrition, 
so a compromise of all these variables is required in practice to 
achieve optimum composite properties.
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6.2. GENERAL PROPERTIES AND STIFFNESS OP FRTP
Analysis of the behaviour of PRTP is complicated by the existQnce 
of a range of fibre lengths and orientations in injection mouldings 
and thus simple theory is very difficult to apply. Some authors 
have attempted to eliminate, rather than correct for, these variables 
by aligning fibres and considering them all to be of identical length. 
Ideally, the treatment should be similar to that outlined in chapter 
five for discontinuous fibre composites. Lees has attempted such a 
treatment, but corrects for strain differences in the fibre and matrix 
phases, and obtained an expression deviating from the rule of mixtures 
by only a small amount (101). The theory was compared with experimental 
work using glass fibre filled polyethylene at low fibre loadings (up- tb 
eight percent by volume), and although a linear dependence with volume 
fraction was found, the results deviated substantially from theory.
This is not suprising, since although fibres were orientated in the 
melt by an extrusion/drawing operation prior to compression moulding, 
no account of fibre length was taken. Lees suggested that this theory 
is applicable to injection moulded PRTP systems; this is unlikely to 
be the case, as neither fibre length nor orientation are' considered in 
the theory. Halpin commented that Lees' theory is incorrect and 
involves a violation of the compatability equations of elasticity theory 
(1-06).
Fibre orientation drastically affects properties, and the more the 
fibres deviate from perfect alignment, the more the composite properties 
diverge from the Yoigt upper towards the Reuss lower bound. This is 
demonstrated in fig. 3*1*1• Thus with the low volume fractions used 
in PRTP, mechanical property enhancement will only be good if the 
fibres are well aligned along the test direction. Small degrees of 
fibre misalignment thus lead to large reductions in mechanical 
properties from the fully aligned values. Cox has discussed the 
variation of properties with fibre angle, using a modified rule of 
mixtures (equation 6.2.1) to describe properties in two and three 
dimensionally random fibre systems (84).
Ec = k E f vf + Em 0 - V f )
The constant is unity for aligned systems, and Cox has deduced
that this falls to one third and one sixth for two and three
dimensionally ..random systems respectively. This equation has frequently
been used to describe the properties of FRTP systems, since the constant 
K can be chosen to fit experiment and is a means of representing the
orientation function by a single parameter. Krenchel has estimated * 
|< for the case of planar fibre distributions, where Vp is the 
fibre fraction at an orientation 0 p to a reference axis (equation 
6.2.2) (10 7 ) .
k =  ^ V n C O S * 0 n (6.2.2)
Halpin and Pagano have considered randomly orientated composites 
to consist of layers of fibres at fixed angles, this being referred 
to as the laminate approximation (108). Equation 6.2.J gives the 
two dimensionally random modulus in terms of the fibre volume fraction 
Vf , matrix modulus Epp , B » a function of the fibre and matrix 
moduli, C , a function of fibre packing and A which is related to 
the Einstein coefficient kg (1,109)* The theory has been modified
Ec “
1 +ABVf 
1 - BCVf
where B=—LJU— . (6.2.3)
to calculate the moduli of non-random composites from a knowledge of 
the fibre fractions at various angles (110). Nielsen and Chen have 
used a similar technique, applying classical elasticity theory to 
evaluate Young’s modulus, then integrating over all angles, as 
demonstrated in equation '6*2.4, to obtain the two dimensionally random 
composite modulus ^  , where E q  is the modulus of a ply at
an angle theta (111 ).
e - 9 IE e d ® _  (6.2.4 )
0 M  d0  
0
Solution of the equation is complex, requiring the aid of a computer, 
but values of composite modulus normalised by that of the aligned 
system were plotted as a function of Vf } and a sharp drop with 
increasing Vf , calculated. Thus although the actual modulus 
increased with Vf f the fibres in the random case are utilised less 
efficiently, high modulus in one direction being traded for a lower 
modulus in all directions. Comparison of theory with experiment 
using aligned glass fibre mats at various angles in epoxy resin was 
good, although only a .few discrete angles were used compared to the 
continuous orientation functions encountered in ERTP. Brody and 
Wood have used a similar averaging technique over fibre angle to 
compute two dimensionally random composite moduli in the Voigt and 
Reuss limits, assuming as in the previous papers cthaif fibres are 
long enough to neglect length effects (112). Experimental' moduli 
■from two dimensional
random compression moulded glass and carbon fibre filled polypropylene^ " 
and polyethylene specimens were compared with theory and shown to lie 
nearer the lower bound as expected for random systems. Results from 
injection moulded glass and carbon fibre filled polypropylene, nylon 6,
PET and PMMA were also compared with theory and shown to lie nearer 
the lower bound, even when an assumed orientation function was 
included in the calculation. Brody and Wood still neglected the effects 
of fibre lengths in these latter calculations, effectively invalidating 
them, since these cannot be ignored in injection moulded specimens 
containing many short and subcritical fibres.
Christensen and Waals use a rather dubious model to calculate 
composite moduli in two and three dimensionally random systems (57>113)» 
The model involved packing fibres of varying radii,'the comment being 
made that fibre radius was unimportant in determining properties, a 
view not shared by other authors. The technique of property averaging 
over angles was used to predict two dimensionally random composite 
moduli, an equation of the form given in 6.2.5 resulting. Agreement 
with experimental values obtained from a glass fibre/polystyrene 
system was surprisingly good considering the assumptions made.(fig.6.2.1).
Ec* ^ y * - * ( 1 * V f ) Em (Vf <  0 -2 )  (6-2-5)
None of these approaches can accurately be used to predict the 
properties of injection moulded ERTP, in which a range of fibre 
orientations exists, and the only complete solution is to measure the 
fibre orientation distribution. This has recently been attempted, the 
fraction of fibres at a particular orientation being measured as a 
function of position in the mouldings. Two basic techniques have 
been used, contact radiography and fibre ellipse measurments. The 
first method, employed by Darlington and McGinley, involved cutting 
thin sections of material and placing these in contact with an 
emulsion exposed to X-rays, from which a photograph was obtained, 
enabling fibre orientations to be measured with respect to a fixed 
axis (114-5). The latter technique utilised a polished section of the 
ERTP; the major and minor axes of the fibre ellipses presented on the 
surfaces (a and b) were measured and using equation 6.2.6 the angle 
of each fibre was found (116-7). These were plotted either as 
histograms or on a stereographic projection. The orientation function 
demonstrated substantial positional variance, Metcalfe and Hull 
observing predominant fibre alignment along the injection axis at or 
Fibre Angle = sin b/a (6.2.6)
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near the surface of mouldings, hut more misalignment in central regions.
Considerable anisotropy in glass fibre filled PTMT and polypropylene 
specimens has been observed by Dunn and Turner, who have measured the 
positional variation of mechanical properties in mouldings (118).
Fibres were frequently found to be preferentially aligned along the 
injection axis leading to considerable anisotropy as indicated by the 
shear modulus enhancement (by torsion test) being less than half that 
of the tensile modulus (along the injection axis ). In the case of 
a fully aligned material, the tensile modulus tends to the upper 
bound and shear modulus to the lower bound as evaluated by the Rule 
of Mixtures, ignoring length effects. Moduli and strength were measured 
in tension and found to vary by a factor of two from zero to ninety 
degrees to the flow direction (fig. 6.2.2).
Many authors, including Bader and Bowyer and Hollingsworth
and Sims (13), have observed fibre breakup as a consequence of the 
compounding and moulding operations, fibres frequently being reduced 
in length by over an order of magnitude, resulting in poorer 
mechanical properties than expected. In addition, fibres are fractured 
into unequal lengths, making the application of the Cox/Dow/Rosen 
(84-87) and Kelly/Tyson/Outwater theories (67,69,83) difficult.
Attempts have been made, however, to modify these equations to include 
the effects of the distribution of fibre lengths encountered in FRTP.
One possibility is to simply substitute the mean length into the 
equations, but this is rather unsatisfactory and only applicable to 
systems in which the fibre lengths greatly exceed the critical length 
(80). Alternatively, the fibre contribution may be summed over length, 
as performed both by Lees (94) and Bader and Bowyer (23). The expression 
developed for the composite modulus applying the Cox theory is then 
given by equation 6.2.7, where is the volume fraction of fibres of
length . Fibre length distributions may be determined by either
E c = E fVf (1- )Vj * E m vm  '(6.2.7)
2
chemically dissolving or burning off the polymer matrix to release the 
fibres, samples of these being measured. This has been performed by 
Bader and Bowyer, using glass and carbon reinforced polyamide 6.6 and 
polypropylene, who plotted cumulative distributions of the fraction 
of fibres exceeding a length L , versus L , and demonstrated 
considerable fibre breakup during injection moulding (23-25). More 
recently the same technique has been applied by Darlington et. al. (114) 
to commercial glass fibre reinforced PETP, polyamide 6.6 and polypropylene
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and by Thomas and Meyer to the PTMT based material (117), and in all 
cases fibre lengths were found to be reduced by over an order of 
magnitude during compounding and moulding. Many authors have observed 
that experimental moduli and strengths drop significantly with 
decreasing fibre aspect ratio, stressing the need for the retention 
of long fibres in reinforced thermoplastic mouldings (13,23-25.119).
Much experimental work has been performed with FRTP, using a 
variety of fillers and matrices. Lee has investigated twelve thermo­
plastics filled with random 6mm glass fibres compounded by compression 
moulding (102). Young's moduli were found to vary linearly with fibre 
volume fraction in all cases, but values were much lower than predicted 
by.simple theory, which Lee attributed to poor fibre wetting. Lees 
has also tested a wide range of compression moulded glass filled 
thermoplastics and obtained similar results (101).
-Table 6.2,1-
Polymer Unfilled polymer
V ' - 2  Flexural' modulus (GNm )
Polymer reinforced
with 30% glass fibre
—2Flexural modulus (GNm )
Nylon 6.6 2*83 8.9 6
Nylon 6 2.76 8*27
Nylon 6.10 1-93 7-58
Nylon 6.12 1.72 7-24
Nylon 11 1-07 3.14
Nylon 12 1-14 6.90
Polyacetal 
homo polymer
2*83 8.96
Polyacetal
copolymer
2-59 7.58
HDPE 1*03 6.21
Polypropylene 1.41 5.86
Polybutene •18 3.10
PTMT 2.31 8.27
Polycarbonate 2-34 8.27
Polysulphene 2.69 8.27
PPO 2*48 7.93
Polystyrene 3*10 8.27
SAN 3*79 10.34
ABS 2.41 7-58
The moduli of a- wide range of commercially available filled and 
unfilled thermoplastics,as given by Titow and Lanham (100), are 
presented in Table 6.2.1, demonstrating the excellent stiffness 
enhancement obtainable by fibre filling.
To describe the properties of FRTP theoretically, the effects of 
both the distribution of fibre lengths and orientations must be 
considered. Dimmock and Abrahams (120) have attempted this calculation 
predicting composite moduli using the Halpin/Tsai equations (106,121) 
modified to account for fibre lengths effects. The theory was compared 
with experimental results from a wide range of injection moulded glass 
and carbon fibre filled thermoplastics, and values found to lie 
inbetween the predictions for aligned and random fibre composites.
This is to be expected, since partial alignment of the fibres occurs 
during injection moulding. The theory presented thus only provides 
upper and lower bounds to composite properties, although the authors 
attempted to modify the theory by randomly selecting a midway line 
to estimate properties. Although little data was presented relating 
property variation with fibre volume fraction, all polymers investigated 
demonstrated modulus increases on fibre filling. Composite modulus 
was found to decrease with increasing strain, which was.considered 
to be due to fibres debonding and matrix yielding. This is in 
disagreement with the theory due to Bader and Bowyer, in which the 
reduction in composite^modulus was attributed to the increasing 
significance of fibre /md effects (22-25). At a particular composite 
strain, a critical fibre length was proposed corresponding to that 
length where strain uniformity can just be achieved in the centre 
of the fibre (equation 6.2.8). As the composite strain is increased,
E f £ c r (6.2.8)
‘tT
a greater proportion of fibres become subcritical in length, short 
fibres at low strains and longer fibres at progressively increasing 
strain, and hence reinforce less efficiently. This results in a 
stress/strain curve that is a function of the distribution of fibre 
lengths, and is concave to the strain axis. Bader and Bowyer presented 
an equation capable of predicting the stress in a FRTP. at any strain, 
and hence the composite modulus, in terms of the contributions due 
to the matrix and to subcritical and supercritical■fibres summed over 
all lengths. A constant C was included to account for fibre misalign­
ment, similar to that used by Cox. The equation is given in 6.2.9,
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where Vj and Vj are the fractions of fibres of subcritical length 
Ij and supercritical length tj* respectively. Experimental work 
waspresented on glass and carbon fibre reinforced polypropylene and
dr =C 'till. rEfEc(l-M£L)V:
2r 1 f 2 I j t  J 'E m ^ c  (6-2-9) (1-Vf)
polyamide 6.6 injection moulded specimens, made from pellets 
manufactured by the coaxial extrusion coating technique. Values of G 
and fibre/matrix bond strength were evaluated by fitting equation 
6.2.9 to the experimental stress'/strain curves. A linear dependence 
between composite modulus and fibre volume fraction Vf was again 
observed, as predicted by equation 6.2.9, this being demonstrated in 
fig. 6.2.3 which displays typical results obtained by these authors 
for glass and carbon fibre filled polyamide 6.6.
Darlington et. al. have also attempted to combine the effects of 
fibre length and orientation to predict ERTP. moduli, using two 
different approaches (114)» The first involved application of the Cox 
equation, summed over all fibre lengths, and weighted by the Krenchel 
orientation constant discussed earlier in this chapter (1.07) and the 
second utilised the Halpin/Tsai equations summed over length and 
orientation. Experimental moduli from glass fibre filled polypropylene 
polyamide 6.6 and PETP. injection .moulded specimens of fixed Vf were 
compared with the theories and found to exceed theoretical values in 
both cases. Use of the length distribution alone produced values more 
in agreement with both theories, but the orientation function was shown 
to be significant, since moduli calculated using this alone were 
considerably lower than the rule of mixtures predictions. No test of 
the theories with fibre volume fraction was possible, since specimens 
at fixed Vf only were investigated.
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6.3. FRACTURE, STRENGTH AND MECHANISMS
In addition to increasing modulus, it has been widely reported 
that fibre filling of thermoplastics also imparts increased strength 
to the composite, although a minimum critical volume fraction effect 
has been detected in some systems. Hollingsworth and Sims have 
measured the strength of a wide range of FRTP. and shown that 
substantial increases in fracture stress can be obtained in injection 
moulded systems (13). l*ee ^as investigated compression moulded glass 
filled thermoplastics, with 2 dimensionally random fibres,and-strength 
increases were recorded at higher volume fractions ("V^ ^  0*2),
though not of the magnitude obtained in injection moulded systems (102) 
In general, observed strength enhancements are found to be less than 
the increases in modulus.
Lees has considered the tensile strength of short fibre composites, 
specifically FRTP, pointing out that this is a complex function of many 
variables, including fibre orientation, io$4in^ and length, matrix :.and.. 
fibre strength and differential thermal stresses •during cooling'(94)* 
tiding the Kelly/Tyson equations for subcritical and supercritical fibre, 
contributions'to composite stress (67) summed over all fibre lengths 
to include the effect of length variations, an equation was deduced 
expressing the composite strength in terms of the properties of the 
two phases (equation 6.3.1). Vj is the volume fraction of fibres
similar equation including the Piggott modification was also presented.
included in the summation. Lees does not indicate, however, at what 
point failure occurs; if fibre fracture is assumed to initiate 
composite failure, the composite failure stress is not defined, since
thus assumes, unrealistically,'that each fibre at fracture contributes 
to the failure stress in the composite. Lees has attempted to compare 
experimental results from specimens manufactured by compression 
moulding extruded/drawn fibre filled thermoplastic, rods, with equation,.
6.3.1. The values estimated theoretically, putting the bond strength 
equal to half the matrix UTS., are plotted in fig. 6*3.1 for a glass
ll*lC IJ
of length I; , critical length I
The equation includes provision for the inclusion of the strength/ 
length variation of fibre's, since the fibre strength d ufi is
a range of fibre failure stresses, , exists. Equation 6.3.1
fibre filled polymethylmethacrylate system as a function of Vf. 
Agreement with experiment was very poor and consequently Lees 
attempted to modify the predictions by using a different value of 
bond strength, calculated by consideration of differential fibre/ 
matrix shrinkage at the interface on cooling after moulding. These 
values are also plotted in fig. 6.3.1, and although agreement with 
experiment was marginally improved, a considerable discrepancy is 
still apparent.
In addition to deriving an equation predicting strength in short 
fibre systems, Lees has also attempted to predict strengths of two 
dimensionally random fibre systems, using an averaging technique 
over all angles (equation 6.3.2), where is the composite
u  2 rOr = tr
4-1 +  -St + (6.3.2)
transverse strength. Chen has modified the off-axis Kelly/Tyson 
equations by-: including a term g  , the ratio of discontinuous to 
continuous composite strength (91). The strength at low fibre angles, 
as determined by fibre failure, is thus given by equation 6.3»3> where
is the aligned composite strength predicted by the rule of mixtures. 
The equations for the other two failure modes were assumed to be 
unchanged, and the composite stress just integrated over all angles
B
(6.3.3)
© COS*©
to obtain an expression for the failure stress of a two dimensionally 
random system]! (equation 6.3.4).
(6.3.4)
TT
Experiments performed with random glass fibre/epoxy resin composites 
agreed well with this equation. Lavengood has reviewed the strength 
theories for two dimensionally random short fibre composites, including 
those due to Lees and Chen (95). The approach due to Horio and Onogi 
was also presented, in which strength was assumed to be additive and 
was averaged over all angles, neglecting fibre length (equation 6 .3.5). 
Lavengood compared these three theories (equations 6.3.2, 6.3.4>6.3*5) 
with experimental results using chopped strand.glass mat in epoxy resin,
© c . -  ( ( 6.3.5)
the results being plotted as a function of in fig. 6.3.2. None 
of the three theories adequately predicted composite strength and
Lavengood concluded that angular summation techniques were unsuitable 
for predicting strength in these systems. It should be noted that
between layers of different angles, one of the major shortcomings 
of the laminate approximation. Experimental evidence presented by 
Lavengood is perhaps questionable, since moduli for random and aligned 
composites were accorded similar values.
No authors have attempted to predict FRTP. strengths using the 
statistical theories due to Rosen and Zweben (69-73). These could 
be modified to account for fibre' length effects, but not so easily 
for fibre orientation.
The equation developed by Bader and Bowyer (23-25), which is 
similar to the Lees equation but includes an orientation parameter 
C , can be used to predict composite strength if the fibre failure 
strain is substituted, but values predicted by this method greatly 
exceed those measured experimentally. Bader and Bowyer have presented 
much information on the strength of glass and carbon fibre filled 
polyamide 6.6 and polypropylene as a function of fibre volume fraction 
V^. (fig. 6.3.3). Strength enhancements were observed,.increasing 
with both increasing fibre length and volume fraction, although an 
embrittling effect resulting in a reduction in the composite failure 
strain at high fibre was found to limit the maximum strengths 
attainable.
Yamaki has recently presented a theory aimed at predicting strengths 
in short fibre systems, in which the distributions of lengths and 
orientations are known,-using the Cox theory modified by the inclusion 
of an adhesion parameter k (122). Fibre fracture was assumed to 
initiate composite failure, although differing strains in the fibre, 
matrix and composite as a whole were accounted for. Composites .
containing fibres exceeding a specified length Iq , above which 
fibre fracture initiated failure, were considered to fail atastrain 
da , given by equation 6.3.6, where A is a function of the moduli
with fibres shorter than Iq  fail by matrix rupture). Thus as fibre 
length I and adhesion increase, the failure strain decreases.
On substituting values into equation 6.3.6 from the results due to 
Bader and Bowyer, the denominator is found to be approximately unity, 
the composite failure strain thus equalling that of the fibres, and
these predictions neglect fibre interaction, in particular interaction
of the individual phases and the adhesion parameter k (composites
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the theory is no more than a modification of the Lees equation.
The actual failure mechanism is very difficult to analyse in 
FRTP and will undoubtedly vary from one system to another according 
to fibre and matrix properties. Bader and Bowyer briefly mention 
the Rosen cumulative weakening theory and a catastrophic.mechanism 
initiated by stress concentrations in the material as two possible 
mechanisms (24,25). The latter mechanism was also discussed by 
Cooper, who pointed out that although fibres adjacent to fibre ends 
and breaks suffered stress concentrations of only a few percent, 
the matrix in the vicinity was strongly affected and under stress 
either the matrix or the interface must fail (92). Local interface 
failure would not be serious and only reduce the load bearing 
capacity of the fibre, but a transverse matrix crack might propagate 
across the interface into an adjacent fibre and catastrophic failure 
would follow. Blumentritt et. al. have investigated the fracture 
properties of a range of FRTP, compression moulded with twenty percent 
aligned or random fibres by volume (125). In.all glass and carbon 
fibre filled polymers, failure strains less than those of the fibres 
were recorded, as observed by Bader and Bowyer. Using only scanning 
electron microscopy, the authors attempted to identify failure in 
these materials, commenting that in random fibre composites cracks 
were initiated at transverse groups of fibres and in unidirectional 
systems at fibre ends or points of fibre contact. They also commented 
that fibre ends and fibres lying at large angles to the applied stress 
initiated cracks when the composite was deformed. As it stands this 
paper is no more than intelligent conjecture, and fracture mechanisms 
such as these cannot be identified simply by examination of very ■ 
complex fracture surfaces. The authors commented further that 
microcracks were formed at low strains as a result of stress concentrations 
near the interface and these coalesced with additional loading to 
initiate composite failure with limited fibre fracture. The only 
evidence presentto substantiate this hypothesis was the lack of 
fibre fracture, and a complex mechanism such as this cannot possibly 
be justified on the basis of such limited evidence.
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6.4. CREEP FATIGUE AND IMPACT PROPERTIES OF FRTP
Whereas creep of unfilled thermoplastics has been widely reported,
ERTP have received rather less attention in the literature, although 
reinforcement by fibres has been shown to considerably improve the 
resistance of thermoplastics to creep (100). Dunn and Turner have 
presented some work using glass fibre filled thermoplastics, cutting 
specimens parallel and perpendicular to the injection moulding direction 
and measuring creep strain versus time (118). Similar shaped curves 
were obtained in all cases related by a simple displacement on the strain 
axis, this being considered to be due to a dilutant action of the fibres 
simply changing the amplitude of the response and not affecting the 
viscoelastic behaviour of the matrix. Specimens cut across the flow 
axis showed larger creep strains than those cut parallel, the authors 
explaining this in terms of incipient plastic deformation adjacent to 
the fibres, this being greater in the across flow specimens. The 
suggestion was made that for design purposes, plots from along axis and 
across axis specimens be considered as upper and lower bounds to be 
designed within. Pig. 6.4.1 shows plots of creep strain versus time, 
demonstrating that'the effect of glass fibre filling a wide range of 
thermoplastics is to substantially reduce creep strain over that of the 
unfilled polymer (100).
Fatigue properties of thermoplastics have also been shown to be 
substantially improved by the addition of a fibrous filler (100).
Suzuki et. al. have performed typical work, investigating the fatigue 
properties of glass fibre reinforced polyamide 6. at low fibre loadings, 
by measuring fatigue crack length as a function of the number of loading 
cycles (124). Even at low fibre V^ , a considerable reduction in the rate 
of fatigue crack growth was observed, indicating that fibre filling of 
thermoplastics has a very beneficial effect on fatigue properties. This • 
is displayed in fig. 6,4.2, in which crack length is plotted as a function 
of fatigue cycles for a range of fibre loadings. It has been shown that 
the primary cause of high frequency fatigue failure in the majority of 
filled and unfilled thermoplastics is due to the hysterisis heating 
effect, failure occurring in a semi-ductile manner, although specimens 
tested under iosthermal conditions fail in a brittle fashion (100).
Theberge and Hull have presented impact.property data for a large 
number of glass fibre filled thermoplastics, using Izod and tensile 
tests (125). It was concluded that tests on unnotched specimens 
provided no basis for a toughness comparison, as impact strength fell 
with increasing fibre Vf. Long fibres were considered to offer no.
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improvement’over short fibres. In general, the toughness of notched 
specimens was found to increase with increasing Vj.. Davis has 
performed Charpy Impact tests on notched glass fibre filled polypropylene 
specimens and observed increasing impact strengths for increasing fibre 
Vj. and also fibre length, contrary to the results of Theberge and Hull 
(97). This data is presented in fig. 6.4. in which Charpy impact 
energy is plotted as a function of fibre Vj.. Unnotched specimens were 
found to possess lower impact strengths as the fibre was increased 
(fig. 6.4.3 ) 9 this being explained in terms of an increasing number 
of fibre ends acting as potential discontinuities, whereas in notched 
specimens the biggest discontinuity is already present in the form of 
the notch. Fibres simply impede the crack motion from the notch across 
the specimen, Bader (126) and Lanham (100) have shown that for longer 
fibre filled thermoplastics, the unnotched impact strength shows an 
initial drop at low fibre V^ , but then increases and in glass fibre 
filled polyamide 6.6 systems can exceed that of the matrix at volume 
fractions of twenty percent. Thus in high fibre Vj. long fibre reinforced 
thermoplastics, genuine increases in toughness can be achieved over that 
of the original polymer.
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CHAPTER 7. MEANS OF FAILURE OBSERVATION
7. MEANS OF FAILURE OBSERVATION
There axe four principal techniques for recording the events 
precursory to failure in composite materials, optical techniques, 
photoelastic studies, electron microscopy and acoustic emission analysis, 
as well as new techniques involving the study of luminescent and electrical 
discharges from specimens under test.
Simple optical techniques can provide useful information about 
failure mechanisms and have perhaps not been as widely applied as they 
might. Events leading up to failure in these materials, such as fibre 
debonding, have been observed by many authors, including Koeneman and 
Kicher who have used both single fibres and strands of glass fibres in 
epoxy resins and tested specimens in tension under an optical microscope 
(127). Interfacial failure was observed to occur by the coalescence of 
small areas debonding into a crack which propagated along the interface, 
debonding the whole fibre and initiating failure of the specimen.
Outwater and Murphy have also observed interfacial failure in glass filled 
epoxy resins, using cantilever beam and double torsion tests (128).
McGarry and Mandell have investigated the fracture toughness of glass 
fibre filled epoxy .and polyester resins, both in aligned-and random fibre 
configuration using notched tensile and double cantilever beam specimens 
(129). Controlled crack movement was observed during the tests and . 
found to be resisted in woven and crossplied systems by fibre debonding 
parallel to the tensile axis at the crack tip. The crack was observed 
to propagate by splitting of the interface, followed by fibre fracture 
as the crack advanced.
Chaplin has used model composite specimens consisting of macroscopic 
steel and glass fibres in epoxy and polyester resins, which were tested 
in controlled bend. Tattersall/Tappin fashion, allowing crack propagation 
to be observed with an optical microscope (130,131)• The crack arresting- 
action of fibres was also observed by Chaplin, cracks apparently forking 
around fibres initially. Fracture surfaces showed lines of successive 
crack arrest and a step formed by the coalescence of the two crack forks. 
Delaminating cracks in the matrix in a plane parallel to the fibres but 
normal to the primary crack direction were observed, these propagating 
away from the fibre then twisting back into a plane parallel to the' 
primary crack, resulting in crack multiplication. This mechanism was 
dominant in high V^ glass fibre/polyester systems and it was postulated 
that the high fracture toughness of these materials is partly due to the 
large crack area that must be formed.
Wadworth and Spilling have used optical techniques to observe the 
effect of fibre fractures in composite materials using specimens of 91
single fibres or bundles of high modulus carbon fibres in an epoxy resin 
matrix(l32). Specimens were cast onto aluminium baseplates and loaded 
to predetermined strains, then examined by reflected light for damage, 
the baseplate preventing catastrophic failure when the composite cracked 
by reducing the available energy. Two fibre surface treatments were 
used, one resulting in a strong and the other in a weak bond. In the 
latter system, the initial continuous fibre was found to fracture into 
progressively shorter lengths, leaving small cylindrical holes in the 
matrix and a pattern of light bands was observed running across the 
fibre typically 600 microns either.side of a fracture. Once a strain 
of 1*5 percent was exceeded no further fibre fracture was observed and 
the banded regions extended completely along the fibres. This is in 
agreement with the Parratt theory (66), in which fibres are progressively 
fractured into shorter lengths until they can no longer sustain the 
applied load, although this behaviour is unlikely to have been observed 
in the absence of the constraining baseplate. The results were explained 
in terms of fibre fracture initiating interfacial failure, causing the 
fibre to unload and Contract, leaving a gap in the resin. The light 
banded regions were thought to be due to the formation of narrow inter­
facial gaps, formed as the fibres contracted on fracture, thus increasing 
the percentage of light reflected at the interface. The fact that bands 
were only observed over limited regions implied that the load was 
transferred to the fibres only over the slipped length, in accordance 
with the Outwater (83) and Kelly/Tyson (67) theories.. Similar 
experiments using bundles of fibres yielded similar results, no interaction 
effects being observed, probably because the load could be transferred 
over a large distance (the semi-critical length) and absorbed by the 
baseplate. Specimens using well bonded fibres exhibited a different 
behaviour, matrix cracks perpendicular to the fibres forming in a radial 
fashion being observed. It is likely that in the absence of a baseplate, 
catastrophic failure would have occurred at this point. Fibre fractures 
were again observed, but less clearly since matrix cracks obscured detail. 
These results are in agreement with a catastrophic failure mode, initiated 
either by the first fibre fracture, or at the first multiple fracture 
as postulated by Zweben (71-5)• High matrix stresses resulting from 
fibre fracture were relieved by matrix cracking, load then being 
transferred to the fibres by elastic resin deflection, rather than 
friction, in accordance with the Cox, Dow and Rosen theories (84-86).
In this case the load must be redistributed over much shorter distances 
and be accomodated by adjacent fibres rather than the baseplate, hence
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considerable interaction in multifibre systems was observed, radial 
cracks propagating and fracturing fibres over distances as large as four 
fibre diameters.
Mullin et. al. have also used model composites of Boron fibres in 
epoxy resin, and observed radial matrix cracks at fibre ends in well 
bonded systems and fibre debonding in weakly bonded systems, as 
observed by Wadsworth and Spilling (135)« In well bonded systems in 
which the matrix was weak in tension, cracks were observed to form in 
the highly stressed transfer regions near the fibre ends, leading the 
authors to conclude that high bond strength was not necessarily desirable 
and could lead to matrix cracking and premature composite failure. The 
bond strength should, however, be sufficient for short fibres to 
considerably exceed the critical length, or the full reinforcing potential 
of the fibres is not realised.
Photoelastic analysis has been frequently used in the field of 
composite materials to examine the stress build up at the fibre/matrix 
interface, the .effects of fibre ends and fractures, the importance of 
fibre and geometry and interaction between fibres. Much of the early work 
has been reviewed by Holister and Thomas (80), including, that by 
Tyson and Davies (134) who used a two dimensional model of an aluminium 
alloy fibre in an epoxy resin. The main conclusion from this work was 
that shear stresses predicted by the simple Cox and Dow theories 
considerably underestimated the magnitude of shear stresses at fibre 
ends (fig. 5«1«3)» Schuster and Scala have investigated the effect of' ' 
fibre end geometry on stress concentrations at fibre ends, concluding 
that square ended fibres produced maximum stress concentration in the 
matrix and tapered ends the least (80). These authors also used 
photoelastic models of short boron fibres in epoxy resin and examined 
interactions between single and arrays of overlapping fibres (135-6). 
Critical elastic aspect ratio was measured , but this is not equivalent 
to the critical length at fracture usually quoted, since non-elastic 
mechanisms may be operative before fracture which cannot be analysed 
by photoelastic techniques. Interaction between parallel single fibres 
was investigated as a function of fibre overlap and spacing, the results 
being presented in figs. 7.1 and 7.2. This was discovered to be maximum 
at zero and one hundred percent overlap, resulting in maximum shear 
stress in the matrix, implying that fibre bundles should be avoided 
and maximum dispersion aimed for in real systems. On increasing the 
fibre spacing, the matrix shear stress increased initially, but levelled 
off at about six fibre diameters to a constant value. Higher applied
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loads produced higher shear stresses and consequential matrix yielding 
and fibre debonding, although it was noted that in brittle matrix 
composites matrix cracking could result.
The stress distribution around fibre fractures and the interaction 
of such discontinuities, has been thoroughly investigated by Iremonger 
and Wood, using similar photoelastic models to Tyson and Davies (137“9)»
It was found that matrix stress concentration was more severe adjacent 
to a fibre break than an end, and increased with decreasing end gap, 
adjacent fibres also being subjected to elevated stresses (fig. 7»3)»
It was again noted that in a brittle matrix systemj these stresses can 
only be accomodated by matrix cracking, which could lead to premature 
catastrophic composite failure. Results were compared with a finite 
element analysis and a good agreement obtained. Barker and MacLaughlin 
have presented a useful review of work in this field, and also performed 
a finite element analysis using a model consisting of a single fractured 
fibre surrounded by continuous fibres, the results of which usefully 
summarise those of many authors (140). The matrix stress concentration 
at a fibre end was found to be tenfold, increasing three times for a 
fibre fracture with an end gap of one tenth of a fibre diameter. ' *t 
Adjacent fibres were subjected to a maximum stress of 1*5 times the mean, 
at a spacing of two and one half diameters. Volume fraction was found 
to have little effect. All photoelastic and finite element techniques are 
limited to elastic analyses and no account of matrix-or fibre plasticity
can be taken, which limits the applicability of results in real systems.
Daniel has used an ingenious system to photoelastically record crack 
propagation in a model consisting of thick alternate plates ( ) of
glass and polyester or epoxy resin (141J* Specimens were loaded dynamically 
in tension, this triggering a multiframe high speed camera which recorded 
the resulting isochromatic fringe patterns as the crack propagated.
Cracks were observed to be arrested at the interfaces and to develop 
a horseshoe shape which it was proposed to be due to differences in the 
crack velocity at the surface and the interior. Hairline crack traces 
ahead of the primary crack which determined the eventual crack path were 
also observed, as well as crack branching at the interfaces. Comparison 
with the Rosen theory resulted in little success, since the first 'fibre' 
fracture initiated composite failure, probably because of the small 
number of reinforcing plates used.
Scanning electron microscopy has been used by many authors to examine 
composite fracture surfaces, but little information that cannot be obtained 
by other methods was yielded (74)• A limited amount of work has been 
performed using transmission electron microscopy, particularly with
metal/metal composites. Laufer et. al. have used thin films of a 
directionally solidified Al/Al^Ni composite tested in situ under 
100 and 500 kV. microscopes (142). Fibres were observed to fail by 
cleavage on specific planes, specimens eventually failing by matrix 
tearing due to the thin sections used. It was also noted that developing 
cracks propagated around fibre ends wherever possible, rather than 
fracturing fibres.
Acoustic emission analysis can provide useful data concerning the 
events prior to fracture in composites (1459• The technique, including 
a description of typical equipment, has been given by Keene and Sims 
who have developed a portable device for use with composites (144)*
A piezoelectric transducer converts the pressure waves from specimen 
emissions into electrical signals which are amplified, counted and 
displayed either as total count, or count rate, versus time. This 
apparatus is usually used in conjunction with a testing machine 
enabling correlations between acoustic output and mechanical behaviour 
to be detected. Keene and Sims have presented results from an aligned 
glass fibre/epoxy system, which failed in a catastrophic manner, and 
from a glass weave/epoxy composite failing by a cumulative mechanism.
The catastrophic mode yielded no counts until just prior to failure 
when a large number were recorded as .the specimen fractured and fibres 
pulled out, although the cumulative mode yielded counts from early in 
the test, probably due to resin and interlaminar failure before gross 
composite failure (fig. 7.4)* This form of equipment has been used 
widely by many workers, including Fitz-Randolph e.t. al. in the assessment 
of the fracture energy of Boron/epoxy resin composites (145)* Using 
edge notched specimens fractured in a controlled manner, load and . 
acoustic output were monitered as a function of specimen deflection, 
counts being recorded early in the test particularly as the crack 
grew in short steps when bursts of noise were obtained. It was 
concluded that the acoustic count was directly related to the critical 
strain energy release rate and that this technique might be used to 
moniter fracture surface energies. The major disadvantage of this 
technique was pointed out, that although output counts may be recorded, 
this alone reveals little information as to the nature of the generating 
source, correlations between output and microstructural processes being 
difficult to make. Takehana and Kimpara have used a similar acoustic 
device, but operating in a lower frequency range, a simple condenser 
microphone being used as a sensor (146). Various combinations of 
laminated woven roving f longitudinal and transverse glass fibre plies 
in polyester resin were tested,- specimens containing transverse layers
generating maximum output and aligned fibre specimens generating noise 
only at the fracture point, as observed by Keene and Sims. It was 
proposed that interactions between the glass reinforcement and the resin 
were the source of noise, but the true nature of the emissions is 
undoubtedly more complex and is probably a combination of fibre fracture, 
loss of end adhesion, fibre debonding, fibre pullout and matrix cracking.
Other tecnniques to investigate failure have been used by Mahieu, 
who has recorded electrical and luminescent outputs from glass fibre/ 
polyester resin specimens during testing (147)- Optical emissions were 
recorded using high speed film, the source of output apparently being 
fresh crack surface formed during debonding and microcracking.
Electrical effects, recorded using sensor plates either side of the 
specimen, were also monitered-, the source of the emissions being 
electrostatic fields generated by charge polarisation in the specimen. 
These techniques require further development before they may usefully 
be employed, and Mahieu acknowledges the.fact that a greater understanding 
of the underlying physical phenomena ris required before any quantitative 
work can be performed,.
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CHAPTER 8. EXPERIMENTAL TECHNIQUES
8.1. PROPERTIES OF FIBRE FILLED THERMOPLASTIC MOULDING COMPOUNDS
The principal raw materials used in this investigation are 
listed in table 8.1.1.
- Table 8.1.1 -
List of raw materials.
Material Commercial
Description
Suppliers Comments
Polyamide
6.6
Marahyl A100 I.C.I. Ltd
Glass fibre/ 
PA. 66
Marany1 A190 I.C.I. Ltd •. Vf = 0.18
Polypropylene Propathene
PXC8639
I.C.I. Ltd Special compound 
designed to couple 
with glass fibre
Glass fibre FGRE 1 Pibreglass
Ltd
Treated with size 
MSS1421 compatable 
with PA.66 TEX=460C
Glass fibre PGRE 5 Pibreglass
Ltd
Treated with size 
MSS301 compatable
with PXC8639 
TEX = 2400
Carbon fibre Modmor 
type II-S
Morganite 
Modmor Ltd
Prepared from poly- 
acrylonitrile 
precursor. TEX=940
A moulding compound was prepared by extrusion coating continuous 
fibre rovings, using a technique developed in this department (22-25). 
Continuous glass or carbon fibre tows were passed through the cross-head 
die of an extruder where the polymer to be reinforced was extruded around 
the tows, the coated tows emerging from the die consolidated into a 
single strand (fig.8.1.1). Since the fibre at no time entered the 
machine screw, processing conditions for the polymer in the extruder 
were identical with those for conventional unfilled polymer processing. 
Different extruder screws were necessary for processing of the two 
polymers, due to the large difference in the melt viscosity of the 
polymers. The coated fibre tows were then cooled in a water bath and 
collected on a revolving drum, the speed of which was carefully monitered
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to obtain adequate tension in the tow and constant tow speed through 
the cross head die. These were then chopped into short pellets, 
usually six millimetres long, using a simple machine which fed the coated 
tows from a storage reel into a set of rotating blades. By varying the 
tow feed speed, the size of the pellets could be varied over a wide 
range of lengths.
It was found necessary to thoroughly dry the polyamide prior to 
extrusion to prevent the formation of bubbles in the extrudate.
This material was difficult to process due to its sharp melting range and 
low viscosity, hence careful control of the'temperatures was necessary. 
Misalignment of the fibre tows frequently presented some difficulty, 
leading to uneven coating, but the use of low processing temperatures 
and tow guides overcame this problem. Loose fibres occasionally 
accumulated in the cross-head resulting in tow failure and interuption 
of an otherwise continuous process, this leading to polymer degradation 
due to long residence times in the screw, but careful selection of 
fibre grades minimised this difficulty.
Moulding compounds made by this technique had the advantage that 
long fibres were retained in the moulding pellets and consequently in 
the finished material, compared with material made by the melt compounding 
techniques discussed in the literature (chapter 6). A necessary 
requirement is that a screw-preplasticising injection moulding machine 
is necessary to ensure adequate fibre mixing and thus obtain good 
composite properties and surface finish.
Moulding compounds with shorter fibre lengths were also manufactured, 
so that the behaviour of materials containing higher percentages 
of subcritical fibres could be studied. Short coaxially extruded pellets 
(3mm. long) were re-extruded, the extrudate being- granulated into a 
compound suitable for injection moulding. A further reduction in fibre 
length was obtained by regranulating injection moulded short fibre 
specimens to prepare another compound for injection moulding.
101
' U
&
A = Hopper 
B = Extruder Barrel 
C = Extruder Screw
H = Inlet Nozzle for Tow 
J = Exit Nozzle Coated Tow 
K = Tow
G = Coating Die Head L = Coated Composite Tow 
M = Chopped Composite Pellets
Pig. 8.1.1. Continuous Tow Coating Polymer-Fibre Compounding.
8.2. INJECTION -MOULDING
The materials listed in table 8.2.1 were injection moulded using 
screw preplasticising moulding machines to provide plasticisation of 
the polymer and adequate fibre/polymer mixing giving good fibre wetting 
and high fibre/matrix bond strengths. Creep, notched and unnotched 
impact and tensile specimens were moulded simultaneously in a four 
cavity mould, shown in fig. 8.2.1, the tensile testpiece most frequently 
employed having a gauge portion 40mm. long and a 5mm* x 2mm. cross section. 
Volume fractions up to 0*2 glass or carbon fibres were employed.
- Table 8.2.1 -
Injection moulded materials
Material Remarks
A. Long carbon fibre/ 
Polyamide 66
Long pellets used.
B. Short carbon fibre/ 
Polyamide 66
Short re-extruded pellets used.
0. Long glass fibre/ 
Polyamide 66
Long pellets used.
D. Short glass fibre/ 
Polyamide 66
Short re-extruded pellets used.
E. A190 Glass fibre/ 
Polyamide 66
Diluted with A100 to obtain a 
range of V^ .
F. Long glass fibre/ 
Polypropylene
Long pellets used.
G. Very short carbon 
fibre/polyamide 66
Regranulated short fibre 
material used.
H. Mixed glass/carbon 
fibre filled 
polyamide 66
Long pellets used. Range of 
fibre ratios employed, using 
glass filled pellets mixed with 
carbon filled pellets.
High fibre V materials required high moulding temperatures and pressures 
to obtain adequate melt flow to fill the mould cavities, but care was
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taken to minimise polymer degradation by employing the minimum v
possible moulding temperatures and machine residence times. Maximum 
fibre lengths are desirable in the finished mouldings, thus low ' 
injection speeds, low melt viscosity and large gate sizes are preferable. 
However, some of these conditions conflict with those required to 
mould polyamide 66, which requires a high injection speed, and a 
compromise was found to be necessary. As'in the extrusion process, 
polyamide moulding compounds were found to require long drying times 
to prevent voiding in the specimens.
Two moulding machines were used, both of basically similar design.
The bulk of the work utilised a Fox and Offord unimoulder, but in the 
latter stages of the project an automatic machine manufactured by 
Boy became available (fig. 8.2.2). The Fox and Offord machine was 
semi-automatic, incorporating a single deep screw and injected along 
the parting line of the mould. High temperature settings were required, 
frequently in excess of 300° C for high fibre loaded polyamide, this 
probably being a consequence of thermal lag between the outer and inner 
regions of the screw? These high temperatures inevitably led to 
polymer degradation, particularly in high fibre V^ materials. The '
Boy 15 machine was a considerably more efficient machine, incorporating 
a single smaller diameter shallower screw arid injecting perpendicular 
to the mould parting line. Smaller cycle times were attainable, thus 
lowering polymer residence times in the barrel, minimising polymer 
degradation. It was found possible to process filled materials at 
substantially lower temperatures. A table of comparable moulding 
conditions for both machines is given in table 8.2.2, back pressure 
being kept low and injection speed high in both cases.
- Table 8.2.2 -
Moulding conditions for carbon fibre filled Polyamide 6.6. Comparison 
of Fox and Offord and Boy 15 injection moulding machines
Volume fraction 0 0-1 0.2
Injection •; Fox and Offord 
Pressure(bars) Boy
550
200
825
200
1100
500
Moulding Fox and Offord 
Temperature C Boy
280-290
265-270
290-510
270-275
500-315 
280-295
Injection Fox and Offord 
Speed Boy High High
High
Back Fox and Offord 
Pressure Boy Very low Very low Very low
Mould°C Fox and Offord 
Temperature Boy
90°C 90°C 90°C
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Tensile Specimen
Injection Point Impact Specimens
Creep Specimen 
Fig. 8.2.1. Four Branch In jection Moulding. (Plan view)
‘“A** i*
F ig .8 .22 . Boy_ In jection  M o u ld in g M achine.
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8.3 MECHANICAL TESTING
The injection moulded test pieces were conditioned prior to testing 
by storing them at 20°C and approximately 50% relative humidity for a 
period of 21 days. This was necessary for the filled polyamide specimens, 
since this polymer is hygroscopic and its properties vary with water 
content. All tensile tests were performed on an Instron TTD machine with 
an Instron strain gauge extensometer, at a.constant rate of 0*2mm/min. 
Force and strain were recorded either as a function of time on a two 
pen recorder incorporated in the testing machine, or a direct force/ 
strain plot produced using a chart servo drive mechanism linked to the 
strain gauge extensometer.
Tensile tests were performed on all materials listed in table 8.2.1' 
for a range of fibre Y^ , as well as on the unfilled polymers. It was 
observed that properties varied during a moulding run, particularly if 
there were any machine holdups, and care was taken to select specimens 
for test taken from a long run under constant moulding conditions. In 
general, the Boy machine gave more constant results than specimens 
manufactured using the Fox and Offord machine.
From all tests stress/strain curves were plotted and fracture 
stresses and strains recorded as a function of fibre V^ . Since the plots 
were frequently non-linear, the composite modulus was recorded at a 
specific strain, 0*005, this being termed the 0*5% secant modulus. In 
all cases averages of at least a dozen tests were evaluated and standard 
deviations determined.
Charpy impact tests were conducted over a range of fibre using 
long carbon fibre filled polyamide 6.6 notched and unnotched injection 
moulded specimens. The specimens possessed a cross section 6mm by 5mm, 
the notched specimen having a reduced section of 4mm by 5mm due to the 
moulded in notch;
In addition a small number of low cycle, low frequency fatigue tests 
were performed on long carbon fibre filled polyamide 66 specimens, to • 
ascertain the effect of repeated loading on the shape of the stress/strain 
curve. Specimens were subjected to gradually increasing maximum stresses 
in each cycle, upto a maximum of twelve cycles, the shape of the resulting 
stress/strain curves for each cycle being analysed.
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8.4 VOLUME FRACTION DETERMINATION
The principal objective of this operation was to determine the 
total fibre volume fraction, V^ , in the moulded materials. In the case 
of glass fibre filled materials, a weighed sample (Mr) taken from
in air. The residual fibres were thenweighed ( M f ) and from a 
knowledge of the fibre and matrix densities (J > f, ) the V^
was calculated (equation 8.4.1). This was a very reliable method
but it could not be used for carbon fibres. In these materials a 
sample was again weighed and the polyamide removed by chemical attack 
(148). The sample was digested in hot concentrated sulphuric acid and 
a quantity of concentrated hydrogen peroxide carefully run in from a 
dropping funnel. This broke down the polymer and the residual fibres 
were filtered, washed, dried and weighed, when the V^ was determined 
using equation 8.4.1.
a testpiece (typically about 0»5g.) was heated at 450°C for 48 hours
1-1
v - (8.4.1)
8.5 FIBRE LENGTH.DISTRIBUTION ANALYSIS *
Using the release technique described in section 8.3, samples of 
fibres were suspended in distilled water and after careful agitation a 
small sample was filtered onto a 'millipore* filter paper. After 
drying, the sample was examined and photographed under an optical 
microscope.
As well as performing this simple photographic comparative analysis 
of moulded compounds, more detailed work was undertaken in selected 
samples which yielded exact fibre length distributions. Using suitable 
photographs of fibres released from mouldings, individual fibres were 
counted and measured. In order to obtain reasonable statistical samples 
as many as one to two thousand fibres were recorded for each sample.
Much of this work was performed manually, although a Zeiss particle size 
analyser was available for a short period during this work, which 
considerably eased the task. The results were processed using a 
specially written computer programme which produced direct histograms 
of simple and cumulative fibre volume fraction versus fibre length 
(appendix 1).
The majority of failure theories applicable to fibre reinforced 
composites have been shown to be based on considerable fibre fracture 
prior to composite failure (chapter 3)» To ascertain whether fibre 
fracture actually occurred during and preceeding failure in FRTP., 
fibre length distributions before and after fracture were measured.
This involved chemically releasing fibres from a portion of a tested 
specimen adjacent to the fracture surface and from an unstrained sample 
from the grips. In this way errors due to variations in or fibre 
distribution between samples was. minimised.
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8.6 ACOUSTIC EMISSION ANALYSIS
The events preceeding failure and the mode of specimen rupture in 
ERTP. were found difficult to analyse, due primarily to the optical 
opacity of specimens and the limited data available from optical and 
scanning electron microscopy. A specialised piece of equipment termed 
an Acoustic Emission System, which became available in the latter stages 
of this project, has been used to supply additional information elucidating 
these failure events. The system consisted basically of a high frequency 
sensor and high gain amplifier which recorded sounds emitted by specimens 
under test. The equipment was used in conjunction with the Instron TTD 
tensile testing machine during a normal tensile test.
Noise can originate from many sources; spurious noise from the machine, 
grips and external origins, fibre fracture and debonding, matrix crack 
initiation and propagation, and loss of fibre end adhesion. Acoustic 
events were recorded using a sensitive high frequency piezoelectric 
transducer receptive to specimen emission from upper audible frequencies 
to 500 kHz* This was attached to the specimen by a spring clip, all 
surfaces being thoroughly greased to suppress frictional noise generation 
and to provide good coupling between the specimen and transducer.
Acoustic output from the friction grips was eliminated by packing them 
with PTEE. tape. The transducer was isolated from conducting carbon . 
fibre filled specimens, using a thin piece of greased paper, to prevent 
the formation of an earth loop and the associated continual rapid 
acoustic pickup. Each event in the specimen produces a series of 
vibrations which decay in amplitude due to the material damping properties 
(fig. 8.6.1). Individual cycles of the damped vibrations are sensed as 
pulses by the transducer, down to a minimum threshold limit, which is 
preset on the apparatus. This mode of operation is designated 
'ring-down counting'. High amplitude events result in a large number 
of counted pulses but events initiated a large distance from the transducer 
are well damped by the specimen and result in a relatively small number 
of counts, so that it is impossible to attribute a one to one correspondence 
between the number of events and the number of recorded counts. The 
pulses were amplified, filtered, shaped and amplitude sorted by the 
equipment, a range of outputs being available corresponding to pulses 
of different amplitude. These were then counted, the number being 
displayed electronically and on a separate chart recorder as a function 
of time, either as a cumulative total or as count rate over a preset 
time interval (fig. 8.6.2). The complete apparatus used during these 
experiments is pictured in fig. 8.6.3.
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The extent ‘of random noise pickup was checked by operating the 
equipment on the most sensitive range for long periods of time. The 
recorded counts were very small, on average totalling one hundred per. 
hour, although in the less sensitive mode used in all tests random 
noise pickup was almost nil. In addition,.tests were performed on 
unfilled polyamide 6.6 specimens over similar strain ranges to the filled 
materials and these also yielded very few counts, this confirming that 
the test set up was almost completely noise free.
A wide range of filled PA.66 samples were tested, containing either 
glass or carbon and long, short or very short fibres, over a range of 
volume fractions. In all cases the total acoustic count was recorded 
and also the strain at one hundred counts, which was taken as the onset 
strain for acoustic emission. In addition, the relationship between 
the stress/strain curves and acoustic output was always noted. As a 
consequence of results^from other experiments, tests were also performed 
onmixed carbon/glass fibre filled PA.66 specimens.
The relationship between acoustic output and specimen damage was 
investigated by testing specimens to a predetermined number of counts 
and then unloading, then polishing and optically examining the specimens. 
Observations were made prior to the onset of acoustic noise, at some 
intermediate stage typically 5000 counts, and just prior to fracture.
The point of fracture was found to be marked by an increase in the count 
rate, enabling tests to be halted and specimens unloaded and examined 
just prior to final fracture.
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Fig. 8.6.3 Instron TTD plus Acoustic Emission Equipment
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8.7 OPTICAL AND SCANNING ELECTRON MICROSCOPY
Optical microscopy was used to check the structure of the moulded 
materials. Sections cut both transverse and longitudinal to the injection 
axis were prepared and examined in reflection using a Zeiss Ultraphot 
optical microscope. Polishing these specimens was.found to be difficult, 
due to the large difference in hardness and stiffness between the fibres 
and matrix, and fibres were frequently torn out of the matrix or 
fractured during polishing.
Specimens were examined at intervals during testing and after fracture 
for signs of damage, much of this work being performed in conjunction 
with the acoustic emission studies. In addition, specimens were examined 
after tensile loading to various strains levels in an attempt to 
correlate specimen damage with the nature of the stress/strain curve.
Some specimens were carefully polished over the whole surface and 
photographed at low magnification prior to testing. These were then 
progressively loaded and re-examined at frequent intervals for signs of 
damage, which was identified by comparison with the photographs of the 
same area of the untested specimens. This technique, although rather 
tedious, proved to be very useful in the understanding of the fracture 
mechanism.
The variation of specimen morphology with depth was determined by 
progressively polishing through the specimens and examining them at 
different stages for changes in fibre dispersion and alignment.
Observation of polished specimens using polarised light was also 
useful since surface defects in the material due to polishing were 
minimised, and some degree of the subsurface structure was revealed. 
Unfortunately, since matrix cracks were observed only due to a dark/ 
light contrast with bulk matrix, polarised light was found to decrease 
their contrast with the rest of the material.
Scanning electron microscopy was used as a means of observation of 
the fracture surfaces. The fractured ends of testpieces were mounted 
onto small stubs and coated with a thin vacuum deposited layer of 
gold/palladium to render them conducting. The nature of the fracture 
surfaces of different specimens was observed and in addition fibre ' 
pull out lengths were estimated, enabling values for fibre/matrix bon d 
strength to be calculated.
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8.8 TRANSPARENT MODEL COMPOSITES
Close observation of failure in PRTP was found to be difficult, 
due primarily to the opacity of the material, limiting optical 
observation to two dimensional sections. Even SEM analysis whilst 
revealing the nature of the fracture surfaces, gave little information 
concerning the failure mechanism. A transparent model system was thus 
employed that permitted close examination of the fracture mechanism, 
from which analogies between the real and model systems were made. To 
obtain optical transparency, the model systems were limited mainly to 
glass fibre in amorphous polymer matrices, the real thermoplastic 
matrices being semi-crystalline and opaque. A comparison between the 
behaviour of the model and real systems was not considered unreasonable, 
since the macroscopic properties of filled crystalline and amorphous 
polymers can be made, and at least the qualitative interaction of 
cracks with short fibres was unlikely to be affected substantially by 
matrix variations. To permit close observation of failure events in 
the model systems by transmission optical microscopy, the refractive 
indices of tne two components must be closely matched to minimise 
internal reflection at the interface and so render the material 
transparent. In addition, the model matrix must possess a similar 
failure strain to polyamide 6.6, which has been shown to fail in a 
brittle fashion in FRTP at strains less than 0*06. It was thus 
considered reasonable to use a model matrix with a failure strain of 
0*03, although the polymer must be sufficiently ductile to allow a 
controlled fracture to be obtained in the material.
Initially, short beam polymethylmethacrylate (EMMA.) model specimens 
were manufactured, with single glass fibre tows cast along their centres.
The refractive indices of the glass (1*548) and the IMMA (1*50) matched 
quite well and the failure strain of the model matrix (0*06) compared 
favourably with the yield strain of polyamide 6.6. Glass fibre tows 
were aligned in a suitable mould which was filled with destabilised 
monomer and a small quantity of benzoyl peroxide catalyst. *fhis was 
heated in a sealed oven at 90°C f°r w^0 hours and removed at the first 
sign of the mixture thickening, indicating initiation of the polymerisation. 
The reaction was allowed to complete at room temperature^  thus avoiding 
excessive exotherm, which was found very difficult to control. Beam 
specimens were cut from the block and notched in Tattersall and Tappin 
fashion (131) (fig. 8.8.1.). On loading these in three point bending 
a crack initiated at the apex of the triangular portion of the testpiece, 
in a stable manner, allowing the. interaction between the advancing crack
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and the fibre bundle to be studied. Specimens were loaded on a 
Hounsfield tensometer and observed in reflection using a Zeiss Tessovar 
low power portable photomicroscope.
An alternative system investigated employed a special clear casting 
unsaturated polyester resin, cold cured using a conventional cobalt 
accelerator and organic peroxide catalyst. The refractive index of 
polyester, 1*546, matched very well with E glass, but the clear casting 
grade used probably possessed a marginally lower value. The failure 
strain of this material was low only 0*02 - 0*03, a little lower on 
average than the E glass fibrous filler utilised, and fracture behaviour 
was rather brittle. Low fibre were used, typically 0*01 to 0*02, 
to preserve the optical transparency of the matrix, fibres being chopped 
into short lengths between two and six millimetres, similar to those 
encountered in injection moulded ERTP. The fibre was mixed with the 
resin, then the accelerator and catalyst added, the mixture then being 
transferred to a flat plate mould, complete curing taking one to. two 
hours at room temperature.
PMMA matrix specimens were also made by an ultra-violet light curing 
technique, which proved to be more satisfactory than the hot curing 
process. The destabilised monomer was thickened by dissolving polymer 
( I.C.I. Diakon powder ) in it at 70°C, this preventing the fibres from 
settling out during polymerisation. A conventional U.Y. catalyst was 
added (Benzoin 0*2% ), the mixture poured into a suitable flat plate 
mould, then cured under a U.Y. lamp in a light tight box for three to 
four hours.
Since all ERTP investigated were injection moulded, an attempt was 
made to Injection mould model glass filled composite plaques, from 
which suitable specimens could be cut and tested. The coaxial 
extrusion technique proved unsuccessful in the preparation of a moulding 
compound, since the transparent polymers used, PMMA and polystyrene, 
shattered during pelitetising due to their low ductility. It was also 
found impossible to injection mould MMA on the machines available, due 
to the high viscosity of this material and the lack of sufficient mould 
clamping pressure. Since the plaque mould had a large projected area , 
only low injection pressures could be employed or the mould was forced 
open resulting in flashing and voiding. Increasing temperatures to 
reduce the polymer viscosity was found to seriously degrade the polymer. 
However polystyrene and poly(4 methyl pentene)(TPX) plaques were 
successfully rhoulded, a small quantity of chopped glass fibre being 
added to the hopper of the machine during moulding to obtain a low
fibre in the .polymer. Limited success was also obtained in moulding 
low glass fibre Trogamid T, a transparent polyamide, but similar 
problems to those with PMMA were encountered.
A short double cantilever beam specimen of the form used by 
J.P. Berry (149)? was selected for the bulk of this work, since this 
configuration was stable and resulted in a controlled specimen fracture 
( fig. 8.8.2). Specimens were end notched using a jewellers saw and 
the notch 'Vee' sharpened with a scapel blade to promote non catastrophic 
crack initiation and propagation. Cracks frequently deviated from a 
central path along the middle of the specimen, finally resulting in 
catastrophic failure, but this was remedied by side notching the specimens 
to one third of their thickness, as depicted in fig. 8.8.2. However, 
the notches were found to obscure fibre/crack interactions, thus the 
majority of specimens were tested without side notches. In the latter 
stages of the work, the specimen configuration was modified slightly 
to a tapered arrangement with minimum thickness at the end notched 
portion of the testpiece, this resulting in an even more controlled 
fracture (fig. 8.8.3)* Other different specimen geometries were tested, 
one involving a delta shaped specimen with the end notch at the apex of 
the delta, the delta angle exceeding 35°> this having been shown to 
result in crack propagation along the specimen middle without side 
notcnes (150). Unfortunately, although crack propagation indeed occurred 
along the specimen middle, failure was found to be catastrophic. Another 
rather more successful approach employed was to mould a thin (0*5mm) 
fibre filled layer and polish this to an optical finish, then cast on 
top and bottom layers to expose a wide notch, as depicted in fig. 8.8.5* 
Results from this form of specimen configuration were good, and controlled 
crack growth was obtainable over slightly greater distances than in 
unnotched specimens.
A special testing rig was used, which permitted specimens to.be 
tested under a transmission optical microscope. The rig consisted of a 
frame with a screw device to load the specimen manually, this being 
mounted to a baseplate and hinged to allow crack observation between 
the specimen side notches by tilting the frame (fig. 8.8.4)* This 
functioned at low magnifications, but crack observation at higher 
magnifications was found impossible since the microscope objective could 
not be brought close enough to focus without fouling the specimen.
Thus specimens without side notches were primarily used, it being accepted 
that only 3 to 5mm. of controlled crack growth along the specimen was 
obtainable in each test.
The limited depth of focus of the optical microscope was found to
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be a serious problem, since only a very limited volume of Specimen 
could be focussed .at one'time. To minimise this effect specimens were 
made by a 'sandwich layer1 technique, in which a thick unfilled layer 
of resin was covered with a thin filled layer followed by a thin top 
unfilled layer. The top layer was necessary to enclose fibre ends'and 
so prevent light scattering .at these points, and was highly polished 
and made as thin as possible to permit high magnification objectives 
with short focal lengths to be used. The thin filled layer helped 
confine the fibres to two dimensions, thus minimising problems with 
depth of focus (fig. 8.8.6).
Some variations of both phases of the model systems were investigated. 
Polyester based models were rather brittle, controlled crack growth . 
being difficult to obtain, but addition of 50% flexibilised polyester 
resin resulted in very stable crack propagation but slightly impared 
the optical transparency. The mixture of resins appeared initially to 
be the ideal model matrix,, but the refractive index match was so good 
in this material that fibres became nearly invisible, making observation 
and photography of fibre/crack interactions almost impossible due to 
the lack of contrast. The fibre phase was also varied, in an attempt 
to increasp the resemblance between the model and real systems.
Simply chopped' sized E glass fibre bundles were poorly dispersed, since 
the size maintained the integrity of fibre bundles, this being 
unrepresentative of filled thermoplastics in which fibres were well 
dispersed. Fibre dispersion was improved by heating the fibres to 350°C 
for several hours to remove the surface size before adding them to the 
resin. Specimens were also prepared using fibres extracted from glass 
filled polypropylene mouldings: the fibres having been removed by 
heating the mouldings at 400°C for one hour to burn off the polymer.
These model specimens thus contained a fibre length population 
similar to tl>at in a real moulding. Some specimens were also made 
using chopped type 2 surface treated carbon fibre in low volume 
fractions. The transparency of these specimens was limited and very 
dependent on V^ , but some specimens were cast and tested as described.
In order to investigate the interaction between propagating cracks 
and fibres more closely, model specimens employing single continuous 
fibres separated from continuous tows were manufactured. Both carbon 
and glass fibree war© used, mounted at imm. intervale on square 
cardboard frames. The cards were then cast in the central layer of 
double cantilever beam JtMMA. sandwich layer specimens and tested as 
described. The effect of fibre/matrix bonding was investigated by
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testing both well bonded carbon filled specimens and specimens using 
poorly bonded fibres treated with a PTFE release agent R^ocol).
An attempt was made to tensile test model composites, to ascertain 
whether observations made in double cantilever beam tests could be 
repeated in tensile tests. Simple tensile testpieces routed out from 
model composite sheets were, found to fail catastrophically without any 
prior deformation. In order to offset this premature failure, thin 
tensile testpieces were tested in parallel with identically shaped 
<x brass testpieces of three times the thickness, some glued together 
with, epoxy resin. Local failures .in the model testpiece could thus 
be contained by the brass specimen averting premature failure,allowing 
specimens to be observed under an optical microscope after extending 
to progressively higher strains.
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8.9 DIFFERENTIAL SCANNING CALORIMETRY (D.S.C.)
Thermograms of a number of samples of basic polymer and FRTP. were 
prepared using a Dupont 990 Thermal Analyser with D.S.C. (Differential 
Scanning Calorimetry) cell. 10mg. samples were used and the scan 
operated over the range -20°C to +280°C. From these traces, the effect 
of fillers on the position and shape of the crystallisation and melting 
peaks could be assessed and the degree of crystallisation of the 
polymer estimated.
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CHAPTER 9. RESULTS
9.1 MECHANICAL TESTS - TENSILE TESTS ON UNFILLED POLYMERS
Tensile tests "were carried out as described using unfilled polyamide 
66 (PA.66) and polypropylene specimens, typical stress/strain curves 
being shown in fig. 9.1.1. Yield stress, strain and initial modulus 
were recorded in each case and mean values are presented in table 9.^ .1 •
The stress/strain curves were linear to nearly 2% strain. Pew filled 
materials exceededg2% strain at failure, so that to a first approximation 
the polymers might be regarded as ideal elastic matrices. Beyond this 
elastic region both materials were found to be extremely ductile, this 
being due to the drawing phenomenon in the post-yield region, however, 
the polyamide ductility was very sensitive to water content, dry 
specimens failing soon after yield. To overcome this problem, all 
specimens were held in a constant temperature and humidity enviroment 
prior to testing.
Since highly filled thermoplastics require higher moulding temperatures 
than the pure polymers, tensile tests were also performed on unfilled 
polymer specimens moulded at elevated temperatures,to assess the effect 
of this on mechanical properties, Polypropylene specimens moulded at 
30 deg. C above conventional temperatures were found to be unaffected.
The polyamide , however, was affected; initial modulus being increased 
and failure strain drastically reduced, failing in a brittle fashion 
at less than its original yield strain. This is clearly displayed in 
fig. 9.1.1, and typical values for failure stress and strain and initial 
modulus are given in table
-Table 9.1.1. -
Polymer Properties
Polymer Yield Stress 
MNm
Yield Strain
° /So
Initial ^  
modulus GNnf"
Polypropylene 3 4 *  2 10:fc- 1 1.12 *=■ 0*08
Polyamide 66 69 ±. 2 5*8 ±=-0*3 2*48 :b. 0.05
Polyamide 66
(moulded at 
high temperature 
-300°C )
71 2 
(ultimate)
4-9 ^  0*6
(ultimate)
2*63 *^0.05
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9'2 MECHANICAL TESTS - GLASS AND CARBON FIBRE FILLED THERMOPLASTICS
Tensile tests were also also performed on a wide range of FRTP 
(table 8.2.1), of varying volume fraction and fibre length, to ascertain 
the effect of these variables on fracture stress, fracture strain and 
secant modulus measured at 0*5% strain.
The stress/strain curves were found to exhibit three distinct stages, 
an initial linear region leading to a second parabolic stage and a third 
stage which conformed to no simple, mathematical function. A typical 
curve for a long carbon fibre filled PA.66 specimen is given in fig.9*2.1, 
together with the curve derivative versus specimen strain,, clearly 
demonstrating the three stage nature of the trace (mean values are 
plotted). Curve derivatives were plotted for all specimens, since these 
enhanced distinction of the three stage nature of the traces, showing an 
initial horizontal linear region, followed by a linear slope and finally 
a curved region of increasing steepness. The transitions between the 
stages were not clearly defined, although the stage one .to two transition 
was always the sharper. All specimens behaved in this fashion, although 
the slopes and durations of the stages varied for different materials. 
Stage one durations were recorded for each material from the curve 
derivatives, the transition being quite well marked, but the stage two 
to three transition was ill-defined and could not be simply evaluated; 
Table 9.2.1 gives the mean stage one duration for a range of materials 
tested. This parameter was found to be higher in glass fibre than 
carbon fibre systems andr also higher in long fibre than short fibre 
systems, little dependence on being observed. The rates of stage two 
slope change were also recorded and presented in table 9*2.1. Values 
were observed to vary with all material parameters, being more negative 
in carbon fibre than in glass fibre systems, in high Vf than low V^ 
materials, and slightly more negative in long fibre than short fibre 
materials. The duration of this region varied, being a maximum in the 
most ductile materials. The nature of the stage three region not only 
varied from system to system, but also from specimen to specimen, since 
a range of failure strains was inevitably recorded for each material 
(fig. 9.2.1). In addition, since the stage two to three transition was 
not well defined, it was impossible to measure either the stage two or 
stage three extent accurately. In general, stage three extent was a 
minimum in the most brittle materials, the high long carbon fibre 
material, and increased with decreasing Vf, fibre modulus and fibre 
length, general comments for all the systems being given in table 9.2.1'.
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-Table 9.2.1. - 
9 Stage Parameters of FRTP Stress/Strain Curves
Material 'Strain at stage 
1 2 transition
Stage two rate ofV 
_2slope change GNm
Stage
Three
Long carbon fibre/ 
PA66 Vf=0*2 0*524: *06 . -860^70 Very short
Long carbon fibre/ 
PA66 Vf=0*1
0«504t *06 -590^.50 Short
Short carbon fibre/ 
PA66 Vf=0*1
*06 -565^50 Quite long
Very short carbon 
fibre/PA66 Vf=0*1
0* 30:fc. • 05 -500± 50 Long
Long glass fibre/ 
PA66 Vf=0«17
0*80* *05 -280ir 30 i Long
Short glass fibre/ 
PA66 Vf=0.2
0*45*- *03 -260it 30 Long
Short glass fibre/ 
PA66 Vf=0*1
0«50i=- *06 -1 70* 20 Long
A190 glass fibre/
PA66 vf=o*18
0.39-fc *03 -440* 40 Very long
Mixed CarbotV,(V„=»067)
/U I
Glass(Vf=*057) fibre/ 
PA66 (R = .67)
0*55 ±.*06 -540* 50 Quite long
In very low Vf materials, the three stages were very difficult to 
distinguish, but stage one durations were generally longer and stage 
two slope changes deviated from linearity.
Mecuanical test results in the form of fracture stress, fracture 
strain and 0*5% secant modulus were evaluated and are presented in 
figures 9*2.2 - 4 as a function of V^ . Mean fibre lengths are given 
in fig. 9.2.2 for the different systems. Failure in the reinforced 
PA»66 was sudden and brittle, although filled polypropylene underwent 
a stress reduction followed by further elongation before final separation. 
In this case the failure strain quoted is that at the load maximum.
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The relationship between stiffness and was approximately linear, 
as would be. expected from the application of the simple rule of mixtures 
theory, although a fibre orientation effect discussed later resulted 
in relatively higher moduli in the high long fibre materials.
Although both the unfilled polymers exhibited well defined yield points 
and cold drawing behaviour, this was inhibited in the fibre filled 
materials in all but the very low V systems, failure strain being 
dramatically reduced. Carbon fibre filled specimens exhibited lower 
failure strains than those filled with glass and the longer the mean 
fibre length and the higher the V^ , the lower the failure strain. All 
systems, apart from those with very low fibre contents, failed at strains 
below the matrix yield strain, and in the high long fibre materials,, 
at strains less than the fibre failure strains (approximately 0*013 for 
type 2 carbon fibres and 0*03 for E-glass fibres) . In very low 
specimens (less than 1-2% fibre ,in. the' carbon,.and 2-3% in the glass 
filled materials) a different behaviour was exhibited and failure 
occurred in a ductile, fashion at'.much higher strains, sometimes in excess 
of 10%. Polymer drawing was then observed on a microscopic but not 
macroscopic level. The ultimate strength was also improved by fibre 
filling, but not to the same degree as stiffness, being limited by the 
low ductility. Apart from an initial drop at low in some systems, 
ultimate strengths increased with V^ .
v In all cases, carbon fibres were observed to reinforce more 
effectively than glass, giving higher fracture stresses and stiffness, ■ 
but lower fracture strains. Long fibres were observed to be more 
effective than short fibres, both in carbon and glass filled materials, 
this being demonstrated in fig.9.2.5 showing decreasing fracture stress 
and stiffness with decreasing fibre length, but increasing fracture strain. 
Glass fibre filling polypropylene at these fibre produced relatively •
small increases in stiffness and strength, and a very large reduction 
in failure strain. Materials compounded by the coaxial extrusion route 
were found to possess superior mechanical properties to commercially 
available glass filled material of the same V^ , both strength and stiffness 
being higher, but the commercial material had substantially greater 
ductility. This is undoubtedly a consequence of the longer fibres ' 
retained in the moulded testpieces by using pellets manufactured by the 
ooaxiul extrusion proooso.
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C = Long Glass Fibre/P.A.66 Mean Fibre Length = 0.5 mm
D = Short Glass Fibre/P.A.66 Mean Fibre Length = 0*25mm
E = Commercial A190 + A100 Short Glass Fibre/P.A.66
Mean Fibre Length = 0*2 mm 
F = Long Glass Fibre/Polypropylene
Mean Fibre Length = 0*4 mm
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9.5 MECHANICAL TESTS - SPECIMEN VARIABILITY
The variation of properties during an injection moulding run was 
evident, and every attempt was made to minimise this and to obtain 
reproducible results. In general, less variability was observed in 
specimens moulded on the Boy machine, probably due to the uninterupted 
automatic moulding operation attainable on this machine.. Noticeable 
differences in the mechanical properties of FRTP moulded on the two 
machines were found. Specimens moulded on the Boy machine were up to 
30% more ductile,.5% less stiff and less strong than comparable 
specimens moulded on the Fox and Offord machine. Fig. shows a
typical example, giving the mechanical properties of a long carbon 
fibre filled PA.66 moulded on the two machines as a function of 
Stage one and two were very similar in comparable specimens, the increased 
ductility in the Boy specimens being due to a prolonged stage three 
region.
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9.4. MECHANICAL TESTS.- MIXED FIBRE SYSTEMS ^
Tensile tests were also performed on PA.66 based specimens 
containing both glass and carbon fibres, in an attempt to determine 
whether any significant interaction occurred. Seven materials were 
used, each with a different ratio of carbon to glass, obtained by 
moulding mixtures of compounded pellets, with volume fractions of. 0*17 
and 0*1 respectively . Different starting compounds were chosen in 
an attempt to produce composites with similar properties over the different 
ratios, so that deviations might more easily be detected. A ratio "R" 
was used to define the proportion of carbon filled moulding grains in 
the compound, this being unity for the all'carbon material and zero for 
the all glass material. Tensile tests were performed as previously 
described, mean fracture stress, strain and 0*5% secant modulus being 
recorded as a function of R, these being plotted in figures 9*4«1• - 3* 
Dotted lines between the pure carbon and glass extremes outlined an area 
in which all values would fall if no interaction between fibres during 
and prior to fracture occurred. An approximately linear dependence 
between stiffness and R was observed, as expected from a simple rule 
of mixtures approach. The variation of fracture strain with R was non 
linear, an enhancement effect being observed in the high, carbon materials. 
The fracture stress dependence on R was also non linear, specimens 
cpntaining a small quantity of glass fibre being stronger than expected 
and those containing larger quantities being weaker. It should be 
noted that these specimens were moulded using the Boy machine and 
consequently failure strains are a little higher than those presented 
in section 9«1> and- stresses marginally lower. All specimens again 
demonstrated three stage stress/strain curves, the duration of stage 
one increasing and the negative stage two slope change decreasing with 
decreasing R, the stage three range generally increasing too. Standard 
deviation in these figures, presented in table 9• 4• *1» were too large to 
allow any significant conclusions to be drawn from any departures from 
linear dependence on R.
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— Table 9.4*1.
3 Stage Parameters- of Mixed ERTP. Stress/Strain Curves
R Stage one range 
% Strain
Stage two rate of 
-2slope change GNm
Extent of 
stage three'
1 0»50± *06 -590*50 Short
0-95 0.5 0 ^ .0 6 -540:fc50 Short
0.9 0»51 * *06 -5 5 0 *6 0 Quite short
O.67 *06 -540^ 50 Quite long
0.5 0 »70± -08 -440* 60 Quite long
0-2 0*75-i: .09 -400* 60 Long
0.0 0 • 80 • 05 -280* 30 Long
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Fig .9.4.1. Fracture Stress Cfuc v. the Ratio of Carbon to 
Glass fibre filled  Polyamide 6 .6  Moulding Pellets
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Carbon 7 5 :2 5  5 0 : 5 0  2 5 :7 5 Glass
Fig.9 .4 .2 .  Fracture Strain £uc y. the Ratio of Carbon to
Glass fibre filled  Polyamide 6 .6  Moulding Pellets
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Fig. 9 .4 .3 . Modulus v. the Ratio O f  Carbon to Glass Fibre 
Filled Polyamide6.6 M oulding Pellets
137
9.5 MECHANICAL TESTS - IMPACT AND FATIGUE
A limited programme of work was conducted using long carbon fibre 
filled PA.66 to assess the effects of fibre filling on the notched and 
unnotched Charpy impact properties of this material as a function of V^ ,
The results are shown in fig. 9•5• 1 > Charpy impact energy being plotted 
as a function of fibre Y^ . In general, notched specimens possessed 
lower impact strengths than unnotched specimens, the pure PA.66 unnotched 
material having an extremely high impact energy (specimens did not fracture 
but simply bent). All specimens showed an initial drop in energy at 
low V^ , but at higher Y^ the impact energies increased, and at still 
higher Y^, may have eventually exceeded that of the unfilled PA.66.
As a means of detecting accumulated damage in PRTP, a long carbon 
fibre filled PA.66 (Y^  = 0*1) was progressively loaded and unloaded to 
higher stress levels on subsequent cycles, and the shape of the stress/ 
strain curve noted. Acoustic output was also monitered, which is discussed 
later in this chapter. Plots of the slope of the stress/strain curves 
versus strain for each loading cycle on every specimen were made, 
together with acoustic output. Typical results are displayed in fig 9.5»2, 
which gives the slopes of the first three loading runs of such a specimen 
as a function of strain. The initial slopes (stage one) were found to 
decrease with increasing cycle load, and the stage two negative rate of 
slope change decrease.
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9.6 MECHANICAL TESTS - CALCULATION OF FIBRE/MATRIX BOND STRENGTH AND
A FIBRE ORIENTATION CONSTANT
Further information may be obtained from the mechanical test data 
by the application of existing theories, such as that due to Bader and 
Bowyer (25-25). These authors developed an equation to predict the 
shapes of the stress/strain curves of FRTP from a knowledge of various 
material parameters (equation 6.2.9). This equation may be applied to 
all the materials tested in this work, and is described in detail in 
chapter 6.
From S.E.M. analysis the longest pulled out fibres were measured
and taken to be equal to half the critical fibre length, giving values
for 1 of 0.11mm. for glass and 0*05mm. for carbon fibres in PA.66 c
(section 9*10). Comparing with length distribution analysis it could 
be concluded that only a very small percentage (/%> 5%) of "the fibres were 
subcritical length in the long fibre materials, hence the subcritical 
term in equation 6.2.9. could be neglected. In addition, the system was 
approximated to one in which all fibres possessed a mean length L (80). 
The equation then simplifies to that given in 9*6.1, containing three 
unknowns, Q the orientation factor, X! and T? the bond, strength.
d,= CE^ vJl _ 2 It +  E*ec 1-v (9.6.1)
Using the method outlined by Bader and Bowyer, two pairs of stress/ 
strain coordinates from a single curve were substituted into the equation 
to yield two simultaneous equations which were solved for C and it. .
It was impossible to determine L and individually, since their
product appears in the equation. Values for the orientation constant 
C , for long fibre materials with 20% fibres are given in table 9*6.1.
To permit evaluation'of nT , a similar analysis was carried out 
using the full equation (6.2.9) with short fibre materials in which 
the subcritical fibre contribution was significant. The full fibre 
length distributions were used in this case, determined by methods 
outlined in chapter 8. A similar approach was attempted with long 
fibre materials, but values of possessed a large scatter band
since the term involving nr in the equation was small. The analysis 
was an iterative process, involving substitution of a value of nr 
in the equation to predict a stress, which was then compared with 
experiment, and t  adjusted in the light of the result. The process 
was continued until a value of was chosen which when substituted 
into the equation predicted the measured stress. This analysis was
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performed using a specially written computer programme (appendix 2) on*' 
doth short glass and carbon fibre filled PA.66 results { J  = 0*1).
The values for C an<i are summarised in table 9.6.1.
- Table 9*6.1. - 
Calculated values of C and X
.Material c 'C MNm-2
Short Glass/PA.66 0.32^ *04 65 ±.15
Long Glass/PA.66 0*57 ±.*06
Short Carbon/PA.66 0*30±- *04 130-t 30
Long Carbon/PA.66 0 *63^  *06
The constant C was much lower in the short fibre materials, 
indicating poorer alignment, and was.of similar magnitude to that for a 
two-dimensionally random composite:-0*35* However, fibres are not 
simply two dimensionally random in these materials, being misorientated 
in the third dimension, but preferentially aligned along the injection 
axis. Values of C the glass and carbon fibre systems were similar
in both the long and short fibre cases. The bond strength values were 
very high, in excess of the unfilled matrix shear yield stress, implying 
that the matrix would fail in shear in preference to fibres debonding. 
Using this analysis, the indicated X  will be the fibre/matrix bond 
strength or the matrix (or composite) shear yield stress, whichever is 
the least. In these PA.66 based materials, X  has been shown to exceed 
the matrix shear yield stress, implying that this is increased by the 
presence of the fibres. A large scatter about the mean was recorded, 
this being due to the terms involving X  being small and the inaccuracy 
of stress measurements substituted into the equation. Small variations 
in the stress figures thus resulted in much larger variations in the 
calculated bond strength, and consequently every effort was made to 
minimise this by measuring stress as accurately as possible.
141
9.7. LENGTH DISTRIBUTION ANALYSIS
To obtain a general visual comparison of fibre lengths in long, 
short and very short carbon fibre filled PA.66, samples of fibres 
released from injection moulded specimens were photographed (fig.9.7*1). 
Fibres released from commercial glass filled-'PA.66 moulding grains 
(before injection moulding) were also photographed to obtain a comparison 
with materials made in this laboratory (fig. 9*2.1). The injection - 
moulding process was shown to reduce fibre lengths on average by 
over an order of magnitude, a range of fibre lengths existing in the 
mouldings. The recycling operation used to produce short and very short 
carbon fibre materials was indeed shown to further reduce fibre lengths, 
although the fibres in the very short material were, still longer than 
those in the commercial materials. Mean fibre lengths for these systems 
were found by measuring actual lengths of a sample number of fibres 
(approximately 100) and taking a volume average, values obtained for 
the carbon systems being 0*6mm., 0*4mm., 0*3mm. and 0*25mm. for-.the 
commercial system. This was reflected in the mechanical properties 
described in 9*2, in which these very short glass filled specimens were 
shown to possess lower strength and stiffness than similar ‘V^. material 
made by the coaxial extrusion process.
Full length distributions were also determined for both long and 
short carbon and glass fibre/PA.66, having a Y ^ o f 0*1. Those were 
then recorded as histograms of the of fibres in a particular length 
range versus log. fibre length. Such a plot in the form of a computer 
histogram, is presented in fig. 9*7*2 for a long carbon fibre material.
It was found more convenient to use cumulative plots of the fraction 
of fibres exceeding length L versus log. length L and typical plots 
for the four materials are presented in fig. 9*7*3* Fibres in the 
glass materials were generally longer than in the carbon materials, 
probably due to their larger diameter and stiff surface sizing. The 
short fibre materials were particularly lacking in the very long fibres 
present in the long fibre materials. Mean fibre lengths were taken as 
the length that half the volume of fibres exceeded (50% on the cumulative 
histograms) and shown to be 0*4nim. and 0*25mm. for the carbon materials 
and 0*5mnu and 0*27mm. for the glass materials. These values were 
lower than those obtained by simple averaging techniques described 
earlier. Random scatter of the mean, determined from samples from the 
same specimen, was 5 to 10%, similar scatter being obtained from specimens 
in a single moulding run. Larger variations were detected between
K2
specimens from different runs, probably due to small variations in 
operating conditions affecting fibre attrition.
To ascertain whether fibre fracture was occurring prior to failure, 
length distribution analyses were conducted on each of two samples from 
a tested specimen, one from the gauge- length adjacent to the fracture 
point and the other from an unstrained region in the grip portion, and 
the two compared. Typical results for long and short carbon and long 
glass fibre filled PA.66 are plotted in figures 9•7•4 - 6. In both 
the long fibre systems, no evidence of gross fibre fracture was detected as 
demonstrated in figures 9*2.4 and 5 in which the two distributions are 
shown to be nearly coincident. It was possible that a fraction of 
the very long fibres were broken, but since the number of these in any , 
one sample was small, this portion of the graph was very sensitive to 
sample differences, this being the probable cause for deviations. The 
short fibre system demonstrated similar behaviour, although limited fibre 
fracture may have occurred at high fibre lengths. Since a variation of 
5 to 10% of the distribution mean was observed, this can certainly be 
set as the minimum detectable threshold limit of fibre fracture, thus 
this experiment effectively demonstrates that no gross fibre fracture 
occurs during failure in these materials.
Most of the length distributions were determined using specimens 
moulded on the Fox and Offord machine, but some made with the Boy 
machine were also examined. Photographs of released fibres from strained 
and unstrained regions of specimens were also visually compared and no 
significant difference detected.
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9.8 ACOUSTIC EMISSION ANALYSIS
Since this equipment was not available from the commencement of 
this work results are not available from the whole range of specimens 
which were mechanically tested.
Tests using this technique were performed using long and short carbon 
and glass fibre filled PA.66 specimens, as well as mixed fibre systems, 
the total cumulative count being recorded as a function of specimen strain. 
Typical plots of acoustic output are displayed in fig. 9*2.1 for a 10% 
carbon fibre filled PA.66 moulded on the Boy machine. Curves of similar 
form were obtained for all specimens although total counts varied 
substantially from specimen' to specimen, being very sensitive to failure 
strain and the distance of the failure section from the transducer. 
Specimens failing at relatively high strains gave a large total count, 
as much as five times that of similar specimens failing at the lower 
end of the strain distribution. In addition, the material damping 
properties will affect acoustic output, and the closer the fracture area 
to the transducer the higher the total count, although this was a rather 
smaller effect. The actual numerical value of total count thus has 
little significance, since the quantitative effect of these variables 
is unknown, but a record of the acoustic output does serve to demonstrate 
the degree of specimen damage accumulated prior to fracture, and general 
trends are observable.
Carbon fibre specimens always emitted a larger number of counts 
than glass fibre specimens of similar fibre length and V^ , probably due 
to the higher bond strength and fibre modulus in this material, as well 
as the larger number of fibres present in carbon filled materials.
Acoustic output was observed to be closely related to the shape of the 
stress/strain curve, no counts being recorded in stage one, the first 
counts commencing during stage two, not necessarily at the stage one to 
two transition. Later in stage two, count rates gradually accelerated 
and in stage three were extremely rapid. Most counts were usually 
recorded in stage three, particularly in materials having an extended 
stage three region, thus total counts generally increased with decreasing 
V and fibre length. Specimens moulded on the ’Boy’ machine gave 
higher counts than those made on the ’Pox and Offord’. Very high total 
counts were recorded in commercial glass fibre/PA.66 specimens, these 
also possessing long stage three regions.
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Typical results are displayed in table 9*8*1, which gives the range 
of total counts obtained and the strain for 100 recorded counts for a 
range of materials (this can be taken as an arbitrary criterion for the 
onset of specimen damage). The count at the stage two to three transition 
could not be accurately given, since this transition was poorly defined 
and in the changeover region the total count accumulated very rapidly. 
Whilst total counts varied a great deal for a particular material, the 
onset of acoustic output, taken as the strain at 100 counts to exclude 
the possibility of any spurious noise affecting the results, was fairly 
constant. These values are also presented in table 9*8.1 and were found 
to decrease with increasing fibre V^. and to be higher in the glass filled 
materials. Little variation with fibre length was detected, the values ; 
increasing only very slightly with decreasing fibre length, although 
values for commercial specimens were rather higher. In mixed fibre 
systems the onset strain for acoustic output varied very little for 
small glass additions (large R) but increased rapidly at the high glass 
ratios. The total count was maximum in the specimens containing only 
small quantities of glass fibres (R = 0*9) j.' these also possessing higher 
than anticipated fracture stresses and strains. This is displayed in 
fig. 9*8,1, in which the total counts and onSet strain are plotted as 
a function of fibre ratio R.
Progressivelloading tests described in section 9*5 were also performed 
and acoustic output imoni'tered from those during testing. The results 
from a typical experiment are displayed in fig 9*5*2. Virtually no 
counts were received in these tests until the previous maximum load 
had been exceeded, then a rapid rise in count rate was observed.
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- Table 9.8.1 - 
Acoustic Emission Data
Material
Strain at 100 
counts %
Range of maximum
+5Acoustic Count x10
Long CF/PA.66 
Vf=0*2 (Boy)
0*48 £.0*04 1 5-^ 50
Long CF/PA.66 
Vf=0•2 (F&0)
0‘45di 0.06 12-*40 '
Long CF/PA.66 
Vf=0*1 (Boy)
0*57± 0*05 20-*75
Short CF/PA.66 
Vf=0*1 (Boy) .
0*64±. 0*06 60-> 90
Very short CF/
PA.66 Vf=0*1(Boy)
0*69*0.09 30->100
Long GF/PA.66 
Vf=0*17 (Boy)
0*90±. 0*05 20-> 30
Commercial GF/ 
PA.66(A190)
~V^  = 0*18
0*88^ 9*05 20-^120
Commercial GF/ 
PA.66 (A190)
vf  = 0.11
1.02dt0*08 160->180
Conmiercial GF/ 
PA.66(A190)
Vf =.Q«055
1 *75±.0*10 1 40"* 200
Count.
(x103 )
Strain °A
Carbon ^ q Glass
R
Fig.9.8.1. Variation of to ta l Acoustic Count and 
Onset Strain with Fibre Ratio R.
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9.9 OPTICAL MICROSCOPY
Longitudinal and transverse sections of FRTP specimens were 
prepared and examined using the conventional reflection microscopy 
techniques described in chapter 8. Transverse sections, across the 
flow direction, yielded little information and only served to demonstrate 
the good degree of fibre alignment along the flow axis, also observed 
in longitudinal sections. Useful information concerning fibre alignment, 
flaws and fibre and matrix fracture was gained, however, from the study 
of longitudinal sections. Fibre/matrix contrast was excellent in 
carbon fibre materials, the fibres being highly reflective, but was 
less good in glass fibre specimens due to the optical transparency of 
the fibres.
There was a pronounced alignment of the fibres along the flow 
direction in all cases, being most marked in high long fibre and 
least in low short fibre materials. Fig. 9*9«1 shows two photographs 
of long glass and carbon fibre filled PA. 66 specimens with a of 0*2, 
demonstrating the excellent fibre alignment in these materials.
Fibres were observed to be less well aligned at the specimen edges 
(fig. 9.9.1). Although the melt flow is probably laminar, some local 
turbulent flow might occur at the edge as the melt front, contacts the 
mould surface, leading to poorer alignment at specimen edges.
Flaws in specimens were occasionally observed, ranging in size from 
large voids up to a millimetre in diameter, to microvoids and inclusions 
of similar diameter to the fibres. It should be stressed, however, that 
large flaws were only a consequence of a poor moulding technique and 
were eliminated by careful control of moulding conditions.
The variation of fibre alignment through the specimen depth (total 
depth = 2mm.) was investigated by progressively polishing through 
specimens and observing sections. No obvious change with depth was 
observed apart from the surface effect mentioned, fibres still 
demonstrated good alignment along the flow direction. However, work by 
Metcalfe and Hull using glass fibre/PTMT flash gated plaques (116) and 
by Thomas and Meyer (117) using ASTM testpieces of the same material, 
has identified a multilayer structure with fibres better aligned at 
the specimen edges. A similar effect has been demonstrated in this, 
department by other workers using glass fibre/PA.66 plaques, in which 
surface fibres were shown to be more aligned (157). It thus appears 
that the different fibre orientations are related to the different 
specimen configuration used in this work.
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The use of polarised, light for specimen examination was found to 
aid observation of carbon filled materials, subsurface fibres becoming 
more clearly visable since surface glare could be eliminated.
Subsurface fibres thus appeared bright against a darker background, 
allowing a surface penetration of 0*1 mm. to be obtained. The effect 
was not visible in glass filled materials, probably because glass fibres 
transmit a large percentage of incident light. A typical section is 
shown in fig. 9«9»2, in which surface and subsurface fibres in a long 
carbon fibre/PA.66 specimen are visible. No change in the reflective 
properties of subsurface fibres was- observed after fracture indicating 
that no extensive fibre debonding, which could be expected to effect 
the fibre reflective characteristics, occurred during failure.
None of the materials observed, that failed in a brittle fashion, 
exhibited fibre fracture to any great extent, both surface and 
subsurface fibres being examined. Some damage to fibres was observed 
in carbon filled specimens, but this was considered to be an artifact cfoe 
to specimen preparation. Comparison of identical areas of specimen 
before and after testing eliminated this problem. True fibre fracture, 
occasionally observed adjacent to fractu±e.-surfaces, resulted in the 
formation of a matrix socket as the two fibre halves contracted, as 
demonstrated in fig. 9*9*3*
However, in very low specimens, failing in a ductile fashion,
abundant fibre fracture was observed, this being particularly clear
in carbon filled materials observed in polarised light. In these
materials measurement of the fractured fibre lengths, which at minimum
should equal the semi-critical length , enabled a value for the fibre/
-2matrix bond strength of 100 MNm to be obtained, this again being 
very high and in agreement with values obtained by other methods.
Pig. 9*9*4 shows a 1% carbon fibre/PA.66 specimen that failed in a 
ductile manner at over 10% strain, photographed in polarised light, 
and demonstrates fibre fracture in a subsurface fibre (arrowed). This 
implies that the fracture mechanism changes at low from one involving 
little fibre fracture in a brittle fashion, to a ductile mode involving 
considerable fibre fracture.
All specimens that failed in a brittle fashion exhibited abundant 
matrix cracking, particularly adjacent to the fracture surface and 
often associated with fibres. Fig. 9.9.5 portrays typical areas in a 
fractured carbon fibre filled PA.66 material, showing many matrix 
cracks and no fibre fractures. Polarised light only worsened the 
contrast, since cracks appeared dark and darkening the background
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simply reduced crack definition, making them difficult to be observed 
subsurface. No matrix cracking was observed in low specimens 
failing in a ductile manner.
Some carbon fibre/PA.66 specimens with of CM and 0*2 were polished 
and photographed then tensile tested, the specimen being unloaded and 
examined for signs of damage at different stages of the tests. No 
damage was visible in the stage one region and only in the middle to 
latter regions of stage two, after the onset of acoustic output, was 
damage first observed in the form of minute matrix cracks developing 
in the material. No,fibre fracture was observed in stage two in any 
of the specimens examined. Fig. 9*9*6 shows a pair of photographs of 
specimens before and after stressing to a predetermined value. A matrix 
crack is clearly visible in the part tested specimen; it should be 
stressed that at this stage the specimen had not failed. Fig. 9*9*7 
shows both a glass and a carbon fibre reinforced specimen tested to 
5000 acoustic counts, in the latter regions of stage two of the stress/ 
strain curve, and once again demonstrates apparent tiny matrix cracks.
In stage three of the stress/strain curves, matrix cracks were far more 
abundant and occasionally a fractured fibre was observed. Fig. 9*9*8 
shows a typical region of a carbon fibre material tested.into the stage 
three region, exhibiting matrix cracking. A direct qualitative 
relationship between matrix cracking and acoustic output apparently 
existed, the higher the recorded acoustic noise, the more abundant the 
matrix cracking. Prior to failure, matrix cracks never developed to 
more than a few fibre radii in length, although after fracture much 
longer cracks were observed. Figures 9*9*9 and- 9*9*10 show the complete 
fracture area of a 20% carbon fibre filled PA.66 before and after failure, 
the crack path being marked on the untested specimen photograph. As;-' 
usual, many matrix cracks are visible adjacent to the fracture surface 
and very few (if any) fibre fractures, no damage being visible in the 
untested specimen. Since the photographs represent only a two 
dimensional section of theumaterial, the possibility of the initiating 
crack being generated in this place is small ( less than one in 200 
assuming all planes are equally likely to generate cracks). The 
presence of matrix cracks in these materials prior to failure, implies that 
failure is primarily matrix controlled.
Commercial glass fibre/PA.66 specimens behaved in a slightly 
different manner, matrix cracking being much less abundant, although 
very little fibre fracture was observed. Fig, 9.9.11 shows a typical
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region of such a specimen, tested to 5000 acoustic counts, demonstrating 
the lack of visible damage. In stage three some limited matrix cracking 
was occasionally observed. Acoustic output was very high in these 
specimens, implying that a different generating mechanism was operative, 
possibly fibre debonding since the bond strength has been shown to be 
lower in this material. The fracture mechanism may also be slightly 
different to that observed in specimens moulded from material 
compounded in this department.
157
CF./PA.66. 
Fig. 9.9.1.
GF/PA.66.
Mag.x 30 Mag.xSO
Fig.9.9.2. CF/PA.66.( Pot.ligW). Mag.x250
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F ig .9.9.3. Fibre Fractune in CR/PA.66. Mag.x700
A\ I*s! jI9
Fig.9.9.A. Subsurfao? Fibre Fracture in Low Vf CF/PA.66.
Mag. x 80
159
Fig. 9.9.5. Mag.x80 Mag.x220
Matrix Cracking in CF/R \.66.
Before A fte r
F ig .9.9.6. Matrix Cracking in  CF/PA.66.
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Fig.9.9.7. CF/PA.66. Mag.x250 GF/PA.66. Mag.x350
Fig. 9.9.8. CF./PA.66. Mag.x350
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Fjg.9.9.9. Mag. x28
Fracture Area in CF./PA.66. Before Testing.
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Fig-9.9.10. Mag.x28
Fracture Area in CF./PA.66. A fter Testing.
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Fig.9.9.11. Mag.x80
A190 GF/PA.66. te s te d  to 5000 Acoustic Counts.
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9.10 SCANNING ELECTRON MICROSCOPE
All types of specimens tested to fracture were examined using this 
technique. Unfilled PA.66 moulded at elevated temperatures was observed 
to fail at low strains, and this was reflected in the brittle nature of 
the fracture surfaces. Fig. 9*10.1 shows such a surface, possessing 
a radial nature characteristic of failure in many brittle materials.
The source of fracture was not readily identifiable, but may have been 
some form of inclusion. Fibre filled materials failing in a brittle 
fashion also demonstrated very brittle matrix behaviour; fig. 9*10.2 is 
a typical fracture surface for a carbon and a glass fibre filled PA.66, 
showing the extremely brittle nature of the material and considerable 
fibre pull out. Apart from differences in the lengths of pulled out 
fibres, carbon and glass filled systems displayed similar fracture 
surfaces. No difference between long and short fibre materials compounded 
in this department was observed. Considerable matrix debris was observed 
on fibres and fibre ends, particularly in carbon fibre/PA.66 materials, 
indicating good fibre/matrix adhesion. Fig. 9*10.5 depicts two fracture 
areas in such a material showing considerable matrix debris on the fibres. 
Cleaner fibre surfaces were observed in polypropylene specimens, indicating 
that fibre/matrix adhesion was less good. In addition some limited 
matrix flow was observed, as demonstrated in fig. 9*10.4* Fibre ends 
were frequently observed in the plane of the crack, flush with the 
fracture surface, which indicates that they were possible crack initiators. 
Fig. 9.10.5, shows such an end (arrowed) in the crack plane of a carbon 
filled PA.66 and also a flat brittle crack in the matrix associated with . 
the fibre.
Low carbon fibre/PA.66 specimens (V^  = 0*02) which failed in a 
brittle fashion also exhibited extremely brittle fracture surfaces, with 
a radial nature as observed in the high temperature moulded PA.66.
The fracture source was difficult to ascertain, although it ‘was certainly 
of the same order of dimensions as a fibre diameter probably being either 
a fibre end or a random fibre break. Both halves of one particular 
specimen were examined and photographed, the two areas being displayed 
in fig. 9.10.6. On one half of the specimen a matrix crack was seen 
to run into the circular area, which would suggest that this region Was 
simply the matrix previously adjacent to a fibre end, since a matrix 
crack would be unlikely to fracture a fibre in sucn a fashion. The 
other half of the specimen thus contains the fibre end, the apparent 
source of fracture (partially obscured by debris in the photograph).
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Glass and carbon fibre filled PA.66 specimens with very low V^.
(0*01 ) failed in a-ductile fashion and fracture surfaces examined 
using S.E.M. reflected this different behaviour. Fig. 9.10.7. displays 
a typical surface, showing the very ductile nature of the matrix, 
considerable microdrawing being observed. Fibre pull out lengths were 
also longer than in similar brittle materials, this perhaps being in 
some -way due to the matrix microdrawing, although the reason for this 
is not fully understood.
Commercial A190 glass fibre/PA.66 specimens displayed a similar 
behaviour to the other highly filled materials, except that some 
limited matrix flow was observed and pulled out fibres were generally 
very short (fig. 9*10.8).
Mixed fibre systems presented very similar fracture surfaces to 
the single fibre materials, exhibiting an extremely brittle matrix, 
much fibre pull out and considerable quantities of matrix debris on 
the fibres. Fig. 9«10»9» shows a typical mixed carbon/glass fibre/PA.66 
fracture surface (R = 0*67), in which the two fibre types may easily 
be distinguished by tneir different diameters.
S.E.M. work thus confirmed the general failure behaviour of these 
materials; that the matrix behaves in a brittle fashion, that fibre 
pull out lengths are short in theC-PA.66 systems indicating good fibre/ 
matrix bonding and that fibre ends are likely to act as crack initiators.
From measurements of fibre pull out lengths taken from S.E.M. 
photographs, estimates of the fibre/matrix bonding in the glass and 
carbon fibre systems were made. Maximum pull out lengths were recorded 
for each system, particular care being taken with the commercial material 
in which many of the fibres were subcritical in length (over 50%) and 
on initial examination the small number of long pulled out fibres might 
indicate a very high bond' strength. The maximum fibre pull out length 
is equal to the semi-critical fibre length. Thus using equation 5-1-4 
values of the fibre/matrix bond strength ^  were evaluated, mean values 
of fibre strength and radius as quoted by the manufacturers being used. 
Results are summarised in the table 9.10.1, together with values of 
calculated by the application of the Bader/Bowyer equation 
(section 9.6). No variation of 'E' with fibre was detected, indicating 
that this was a material constant. Agreement between the two methods 
of estimation was quite good, values for the carbon filled PA. 66
being very high, substantially larger than either the matrix snear
-2 - 2yield stress of 41 MNnf or the tensile yield stress of 69 MNm
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The values for glass fibre/PA.66 were also high, but tke comparable 
commercial material possessed slightly lower values. The glass filled 
polypropylene was found to possess a low fibre/matrix bond strength.
- Table 9*10-1 —
Bond Strengths of FRTP
Material
S.E.M. Maximum 
Pull out length 
(fibre radii)
Bond Strength 
from S.E.M. 
(MNm )
Bond strength 
from Bader/Bovfyer 
equation(MNm )
Carbon fibre/ 
PA.66.
12-5* 2.5 • 115* 25 130*30
Glass fibre/ 
PA.66.
18 t  3 ■58*11 65*15
Commercial glass 
fibre/PA.66.
23 * 4 45*8 45 (ref 23)
Glass fibre/ 
Polypropylene
40 t  6 '26± 4 23 (ref 23)
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Fig. 9.10.1. PA. 66. Mag.x110
C.F/P.A.6.6.
Fig. 9.10.2a. Mag.x80
G.F/P.A.6.6. 
Fig. 9 v 1 0.2 b. Mag.x 80
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>'
Fig. 9.10.3. Mag. x 500 Mag.x1800
CF./PA.S6.
F ig .9.10. A. CF./PP. Mag.x500
169
Fig, 9.10.5. Mag.x500
Possible Crack In itia to r in CF7PA.66.
Fig.9.10.6. Mag.x650 Mag.x550
Fracture Source in CF/PA.66. (low  Vx ) 170
Fig. 9.10.7. Mag.x120
Ductile Low Vf CF./PA.66.
F ig.9.10.8. Mag.x110 Fig.9,10.9. Mag.x450
A190 GF/PA.66. CF/GF/PA.66. (R = 0 -67)
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9.11 TRANSPARENT MODEL COMPOSITES - PMMA TATTERSALL/TAPPIN BEAM SPECIMENS**
In these specimens matrix cracks appeared light against a dark 
background, since the crack (and notch) provided an additional interface 
to reflect light back into the microscope,objective. A series of 
typical photographs is shown in fig. 9*11*1 demonstrating the progress 
of a crack as it initiated at the apex of the notch and propagated 
towards and intercepted the fibre bundle. The crack was arrested by 
the fibre bundle, as demonstrated in the second photograph, and propagated 
initially around the bundle without any signs of fibre debonding.
Without having a strain discontinuity there must have been a layer of 
intact matrix around the bundle, so that the fibres were effectively 
locally constraining or modifying the matrix. This behaviour is 
demonstrated in the diagram in fig. 9*11*2, which shows the path of 
a crack around a"single fibre or fibre bundle as observed by this 
technique. Grief and Sanders have predicted this behaviour by calculating 
the stress concentration at the crack tip advancing towards a fibre to 
gradually drop to zero (152). Thus the crack would be expected to fork 
either side of the fibre, as observed experimentally. As the crack 
propagated further, the fibres nearest the notch began to darken, 
indicating failure of the fibre/matrix bond, and eventually fibres further 
from the notch debonded (fig. 9*11*1 5 photograph). By observing the. 
specimen parallel to the crack plane, some fibres at the front of the 
bundle were seen to have failed. As the crack propagated towards the 
far side of the specimen the extent of debonding increased further along 
the fibres (fig. 9.11.1 4 photograph). Once the interface had failed 
in this fashion, the unbroken constrained matrix must also have failed, 
and the crack effectively propagated along the fibre/matrix interface 
in the classic Cook and Gordon crack blunting mechanism (153)*
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Fig.9.11.1. GF/PMMA. IT  Models. Mag.xIO
Fig.911  2 Crack Propagation around Fibres.
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9*12 TRANSPARENT 'MODEL COMPOSITES - DOUBLE CANTILEVER BEAM AND TENSILE
SPECIMENS
By this technique it was possible to show all the features 
normally associated with failure in fibre composite materials: fibre 
pull out, crack blunting by fibre debonding, fibre and matrix fracture, 
multiple matrix cracking, failure and debonding at stress concentrations 
and the weakness of the fibre/matrix interface.
In glass fibre reinforced polyester the fibre failure strain exceeds 
that of the matrix (fibre failure strain 3%> matrix failure strain as 
determined separately in tensile tests 2*8% ), the fibre/crack interaction 
is believed to be as follows (154): The crack intercepts the fibre and
in these poorly bonded systems debonds it, the fibre bridges the crack, 
the crack opens more, the fibre debonds further from the crack until 
either the end is reached, the fibre failure strain is reached, or the 
fibre fractures at a flaw. This behaviour was observed in this system, 
although the sequence of events was not quite so simple, since the cracks 
initially forked around the fibre as described above. Fibres whose ends 
lay within a semi-critical length of the crack plane gradually debonded, 
a process that was marked by a darkening of the fibre edge, then pulled 
out of the matrix leaving a socket as shown in fig. 9*12*1. When fibres 
fracture at flaws away from the crack plane the strain is relaxed so 
that a small gap is observed to appear at the break, the magnitude of 
which must depend on the relative displacement of the two phases.
Further crack opening then caused fibre pull out as described. The 
debonded interface appeared dark due to internal reflection at the 
interface deflecting light away from the direct transmitted path, 
sockets also appearing dark for similar reasons. Fibres debonded a 
considerable distance from the crack (fig. 9*”12.2), fracturing at any 
point along this debonded length. By measuring the maximum debonded 
lengths in this material, the bond strength was estimated. Since the 
number of pulled out fibres was small, use of the maximum pulled out 
length would have been inaccurate. Using equation 5*1.4, knowing the
—2
fibre strength and dimensions, a value for bond strength 'X? of 10MNm 
was obtained, which was indeed very low.
Fibre fracture was clearly visible, resembling pull out in that a 
socket where the two fibre ends retreated on unloading was visible 
(fig. 9.12.3). The majority of fractures were observed to be adjacent 
to the primary crack, but some occurred ahead of the crack at a .stress 
concentrating agent such as a fibre end (fig. 9*12.4). In the poorly
' bonded polyester systems, fibre fracture could occur anywhere along 
the debonded length in fibres lying nearly perpendicular to the crack 
plane (fig. 9*12.2). Fibres then pulled out as the crack opened,
(fig. 9*12.5). Similar behaviour was observed in carbon fibre/polyester 
models, but the fibre/crack interaction. was difficult to observe due to 
the fibre opacity (fig.9.12.6). The sockets left by retreating carbon 
fibres appeared darker than in the glass filled system implying that 
some fibre debris remained on pull out.
In weakly bonded glass fibre/polyester models, two distinct modes 
of crack blunting by fibre debonding were observed, one common to high
regions such as fibre bundles, and the other to low V^. regions 
or single fibres: In high Y^ regions, found in specimens containing sized 
glass fibre which did not readily disperse, debonding was clearly visible 
as a means of crack blunting, (fig. 9*12.7)• ..This was the classic Cook and 
Gordon crack blunting mechanism in which a weak interface perpendicular to 
•the crack was opened up "by the triaxial stress system ahead of the crack 
'tip, effectively blunting the crack (153). In lower V^, FRTP, crack 
?interaction with more dispersed groups of fibres will be important. '.In low 
Y^ model systems there was again atendency for crack arrest to occur, 
cracks being temporarily diverted either side of fibres(fig 9.11.2), but 
eventually intercepting the fibres and behaving as described. The two 
crack forks inevitably grow out of the original plane, and on reuniting 
on the far side of the fibre left a matrix pointing in the crack
propagation direction, as shown in the S.E.M. micrograph in fig. 9.12.8.
Similar behaviour has been observed by Chaplin using steel wires in 
epoxy resin and glass fibres in polyester subjected to Tattersall/Tappin 
controlled bend tests (130).
In the injection moulded glass filled polystyrene specimens, similar 
behaviour to the polyester based models would have been expected, but the 
material behaved in an extremely brittle fashion, preventing detailed 
fibre/crack interactions from being examined. In the other systems 
employed, glass fibre reinforced FMMA, TPX, Trogamid T, flexibilised 
polyester and carbon filled FMMAyfailure strains exceeded that of the 
fibres, and a slightly different behaviour was observed. Crack forking 
around single fibres was again visible, but to a lesser extent, and no 
crack blunting by debonding was observed, probably due to higher bond 
strengths in these materials. Debonding was observed in some cases, 
but usually matrix shear cracks were seen to develop at the interface,
(fig. 9.12.9), implying that the bond strength was higher in these
O
materials. A value of 35 to 40 MNm" was calculated for the glass/PMMA 
system from equation 5.1 .4* using maximum fibre pull out lengths.
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Fibre pull out was again clearly visible, but pulled out lengths were
generally lower in this system due to the higher bond strength. Glass
filled TPX and Trogamid T exhibited similar behaviour, fibre pull out
and matrix shear cracking being much in evidence, fig. 9.12.10 showing
shear cracking at the interface of a fibre in the process of pulling out
in glass/TPX. Bond strengths in these systems were also calculated to 
_2
be 35-40 MNm (similar to the glass filled FMMA). Fibre ifractures were 
generally confined to regions near the crack plane, making them difficult 
to observe, but were of identical appearance to those visible in 
polyester based models (fig. 9*12.3).
In FRTP, only a small fraction of the fibres will lie exactly 
perpendicular to the crack, thus the behaviour of misaligned fibres is 
of interest. In the model materials, misaligned fibres debonded to the 
same order of distance from the crack as aligned fibres (which was often 
greatly in excess of measured pull out lengths), but when misorientated 
more than a few degrees from the crack perpendicular they inevitably 
fractured in or very near the crack plane, as shown in fig. 9.12.11.
Fibres whose ends lay near the crack plane showed a similar behaviour 
frequently being observed with either a socket at both ends, or a socket 
at one end and a section of pulled out fibre at the crack, where the 
fibre fractured near the crack plane whilst pulling out. Fig. 9*12.12 
shows such a partially pulled out fibre in a glass fibre/Trogamid T 
specimen. As the crack opens up, the fibre is subjected to large bending 
stresses at points A and B in fig. 9*12.13, but these may initially 
be relieved by matrix deformation, as was observed both in model systems 
and S.E.M. studies. On further crack openings, the fibre is eventually 
loaded to failure at the point of maximum stress, which must lie in 
the crack plane due to the additional bending stresses imposed on the 
fibre in this region. Little pull out of misaligned fibres was thus 
observed (fig. 9*12.14)*
The permissible degree of fibre misalignment for pull out will 
depend on both fibre and matrix properties, and be a maximum in ductile 
matrix/ductile fibre composites. In the PA.66 based FRTP which possess 
a matrix failure strain in excess of that of the fibres, behaviour will 
be more akin to that in the FMMA. matrix models. In such systems a ■ 
propagating crack would be expected to debond or fracture a fibre before 
reaching it, nevertheless its ability to pull out will still be restricted 
by the degree of misalignment (fig.9*12.12). Any contribution to work 
of fracture due to fibre ppll out will thus be limited by fibre/matrix
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ductility and in’misoriented brittle fibre systems may be substantially 
reduced. A similar effect has been observed experimentally by Morton and 
Groves using metal wires in polyester (155)* The force required to 
pull out misaligned wires (which were ductile and did not fracture) was 
observed to increase with increasing misorientation due to matrix 
deformation at the point of entrance of the wire into the matrix. Thus 
with sufficienly ductile fibres, the work of fracture may be increased.
Matrix behaviour is undoubtedly of interest in FRTP, being the most
abundant phase present (at least three times the volume of the fibres)
and- will inevitably affect the failure mechanism. In all the model
systems examined, matrix failure away from the fibres was not observed.
Multiple matrix cracking discussed in chapter 3*2 was observed in the
polyester/glass system as a consequence of the fibre failure strain
exceeding that of the matrix, the condition for this behaviour being
given by equation 3•2.7• The phenomenon was observed in the form of
closely spaced matrix cracks between fibres in high regions of
the specimens, such as fibre bundles, and is clearly seen in fig. 9.12.15.
Applying the theory due to Kelly and co-workers, a value for bond strength
was obtained using equation 3*2.9. The average crack spacing was
3x /measured and set equal to /2, since the spacing must vary from x to 2x, 
and the bundle V^. estimated assuming square fibre packing to be %  .
A value of 10|Ujti. was determined for x, resulting in a bond strength of
. _2 iapproximately 6MNm . This figure is in reasonable agreement with that
—2estimated by the measurement of debonded fibres (lOMNm ).
The most important observation of this experiment was that of matrix 
cracking at stress concentrators, since this shed considerable light on 
the failure mode in- FRTP. Photoelastic studies in the literature 
(chapter 7) have shown that fibre ends and breaks can severely magnify 
the stress in the adjacent matrix. This can lead to matrix fracture 
as was indeed observed in well bonded systems, such as glass fibre/PMMA, 
matrix cracks being observed at fibre ends and random breaks. Fig.9*12.6 
shows a typical matrix crack initiated at a rare fibre break in glass/ 
PMMA. Matrix cracks were abundant at fibre ends, all fibres within 
approximately o*5mm of the crack tip developing matrix cracks at their 
ends. Figures 9.12.17 and 18 show many matrix cracks at fibre ends ' 
ahead of an advancing primary crack in a glass/PMMA specimen. Another 
source of stress concentration were fibre crossover points, and in 
these well bonded materials matrix cracks were observed to initiate at 
these points, as shown in fig. 9*12.19 in a carbon fibre/PMMA model. 
Similar results were obtained in tensile tested glass/PMMA specimens, 
matrix cracks being observed to form at fibre ends before failure,
although in the absence of the constraining baseplate the specimens failed 
catastrophically without any signs of prior damage. A typical matrix 
crack formed at a fibre end in a tensile specimen before failure is 
shown in fig. 9, 12,20, the photograph being a side view in transmission, 
the dark region being the brass baseplate. Some matrix shear cracking 
at fibres was also observed in these specimens. This demonstrated that 
in well bonded fibre composites, matrix cracks can be initiated at 
locally highly strained regions such as fibre ends and crossovers.
In the weakly bonded polyester based materials, fibre debonding was 
observed at these points of stress.concentration, fibre ends and fractures 
never developing matrix cracks. Debonding was also observed at fibre 
crossover points, (fig.9.12.21), the debonded zone spreading further along 
the fibres as the primary crack propagated nearer the region. In glass 
fibre/flexibilised polyester systems, which possessed a very low bond 
strength, this form of debonding was extremely abundant, but the very 
low contrast obtained in this system prevented any presentable photographs 
from being obtained.
The weakness of the interface in the polyester based model materials 
was further demonstrated when fibre bundles were roughly parallel to the 
intended crack path, cracks being observed to deviate from their intended 
paths to take the more favourable route along a fibre bundle (fig. 9*12.22). 
This stresses the dangers of having considerably misaligned fibres in 
poorly bonded systems, since as crack propagation was so favourable 
along the weak interface, crack nucleation would probably be equally 
likely.
In general, injection moulded glass filled TPX and Trogamid T 
specimens were observed to behave in a very similar fashion to glass and 
carbon filled PMMA. Specimens made by cold lay up techniques, indicating 
that it was not unreasonable to draw comparisons between the behaviour 
of PMMA. based models and injection moulded FRTP.
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9.13 TRANSPARENT MODEL COMPOSITES - SINGLE FIBRE MODEL TESTS
The interaction between cracks and single fibres and the effect of
varying the fibre/matrix bond strength has been investigated in single
fibre glass and carbon reinforced PMMA double cantilever beam specimens.
All fibres demonstrated an arresting action, causing the crack front
to initially fork either side of the fibre to a small degree, this
being particularly noticeable when the fibre lay in the unnotched 'V1
of the specimen end, but less obvious further from the original notch
when crack branching and secondary cracking obscured any detail.
It was then impossible to determine whether or not.fibres had failed.
Glass fibre specimens exhibited some debonding,particularly those treated
with release agent to lower the bond strength, this being shown by a
darkening of the fibre edges. This is demonstrated in fig. 9.13.1
which shows a dark crack across the photograph and a single debonded
glass fibre. Negligable pull out was observed in these single fibre
specimens although in 'the weakly bonded materials fibre debonding was
observed as far as $0 fibre diameters either side of the crack
—2(corresponding to a bond strength of 10MNm ). Fibre debonding was 
sometimes observed before the crack intercepted the glass fibre, although 
this was frequently masked by other cracks passing out of the fibre plane.
In the more highly bonded systems, such as the original glass and 
carbon fibre/PMMA specimens, JeJjonding was rare, matrix shear cracks 
being observed at 45 degrees to the fibre axis at the interface. This 
was particularly noticeable in the carbon fibre specimens, as demonstrated 
in fig. 9*13*2, which shows a dark primary crack across the photograph 
and a carbon fibre with many secondary shear cracks at the interface.
As the primary crack approached the fibre, matrix shear cracks were 
observed, the primary crack merging with these and some secondary cracks 
on-the far side of the fibre propagating away into the matrix and 
growing gradually back towards the original crack direction. In a high 
bond strength system such as this, this means of crack multiplication 
would contribute to the work of fracture of the material.
In general, as cracks approached single fibres in both carbon and 
glass systems, a definite displacement of the fibre towards the crack 
was observed, by as much as two fibre diameters as portrayed in fig.9*13*3* 
The effect was first noticed at some ten fibre diameters separation 
between the crack and fibre, the magnitude of displacement increasing 
until the crack intercepted the fibre. This was considered to be due 
to the existance of a stress gradient ahead of the crack tip.
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Further evidence to support the crack forking observation was 
obtained by examination of model composite fracture surfaces. S.E.M. 
observation (fig.9*12.9) and optical microscopy (9.15*4) showed a 
step formed adjacent to the fibre and careful optical observation also 
revealed a series of fine lines in the direction of crack motion, 
probably formed by the intersection of fine crack branches (11 ).
The perpendiculars to these lines marked successive crack front positions 
and again demonstrated crack branching around fibres and their arresting 
action. Fig. 9*15*4 also presents a sketch drawn directly from the 
photograph emphasising these lines and their perpendiculars.
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Fig.9.13.1. Mag.xIOO Fig.9.13.2. Mag.x200
Fibre Debonding in Poorly Matrix Shear Cracking in
Bonded GF/PMMA Strongly Bonded CF/PMMA
9
Fig. 9.13>31 Mag.x60
Fibre Displacement Towards Crack in GF/PMMA.
\ C R A C K  FR O N T P O S IT IO N S
 V IS IB LE  L IN E S
Fig-9.13.4. GE/PMMA. Mag.x30
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9*14 DIFFERENTIAL SCANNING CALORIMETRY (D.S.C)
From D.S.C. scans made on a small range of FRTP, information 
concerning the nature of these materials and the degree of polymer 
crystallisation was obtained. All traces were of linear form until 
just below their melting temperatures, when a small positive crystallisation 
peak marking additional crystallisation was observed, followed by a 
much larger negative peak due to the polymer melting. Unfilled polymers 
and fibre filled A190 moulding pellets showed simple behaviour such 
as this, but injection moulded fibre filled samples showed multiple 
melting, peaks and a slight lowering of the general temperature of this 
peak. Polyamide.66 injection moulded at high temperatures showed 
multiple melting peaks. Typical plots for the pure polyamide.66 and a " 
filled material are shown in fig.'9.14*1• The presence of multiple' 
peaks suggests that degradation processes such as chain scission had 
occurred, resulting in the formation of distinct polymer forms with 
different values of T . In general, the high temperature moulded 
specimens manufactured on the Fox and Offord machine showed lower 
temperature melting peaks than comparable materials moulded at lower ’ 
temperatures.
The enthalpy of crystallisation was measured for the samples tested 
by determining the melt and crystallisation peak-areas, subtracting them 
and simply converting this area to a a H  from knowledge of the machine 
calibration, characteristics and sample weights. In each case, the 
mass of the polymer was used, that of the fibres being subtracted from 
the total. The equation given in 9*14*1 was used, where A was the peak 
area, M the polymer mass, B the chart setting divided by the heating 
rate, E the cell calibration coefficient and Aqs the Y axis range.
The AH for a 100% crystalline polyamide.66 is approximately 40cal/gm, 
thus division of calculated AH values by this figure allowed 
percentage degrees of crystallisation to be determined. These are 
presented for the materials examined in table 9*14*1* It was noticed 
tliat glass filled materials possessed greater degrees of crystallini'ty 
as did high temperature moulded materials. Carbon filled materials 
possessed similar, slightly higher, values than the pure polymer, 
but the doubly recycled material containing very short fibres possessed 
a particularly high value.
A
(9 .14.1)
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- Table 9 .14.1 -
Decrees of Crystallinity in FRTP,
Material % degree of crystallisation
A100 pure PA.66
6O.4moulding pellets
A100 injection
moulded at low 
temperature(265°C)
56*4
A100 injection
moulded at high 
t emperature (2 95 °C )
78‘4
A190 Glass fibre/
PA.66 pellet Vf=«18
84*2
A190 injection 
moulded sample
87 *6
Glass fibre/PA.66
vf  = 0.17 80*1
Carbon fibre/PA.66
vf  = 0.1 61*4
Carbon fibre/PA.66
V^= *2 (High temp. 65.4
moulded)
Very short carbon
fibre/PA.66 V^ .= *1 
(twice recycled)
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Fig. 9.14.1.
Typical D.S.C. Scans.
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CHAPTER 10. DISCUSSION
10.1 MECHANICAL PROPERTIES (other than fracture)
In FRTP the low strain modulus was observed to increase with 
increasing V and Mean Fibre length, as expected from the rule of 
mixtures, likewise carbon fibres were found.to stiffen more than glass 
fibres, due to their higher modulus and superior bonding with the matrix.
A slight departure in linear dependence between stiffness and V^. was 
observed at high in long fibre materials, due to the increased fibre 
alignment observed in these materials. Failure strain fell with 
increasing Vf and mean fibre length, and was also lower in the carbon 
fibre filled materials: Thus the stiffest and strongest composites were 
also the most brittle.
The stress/strain curves showed three stages: a linear initialstage 
extending to 0*3 to 1*0% strain, according to- the constitution of the 
composite, a second stage of decreasing slope which followed a parabolic 
relationship, and a third stage in which the slope decreased further but 
did not appear to follow any simple mathematical law.
The first stage was linear and considered to be a region of purely 
elastic interaction observed in both filled and unfilled polymers.
In this stage the strain is so low that the majority of the fibres are 
sufficiently long that their behaviour was no different from that if 
they were continuous, (provided that misorientation is allowed for).
Thus long FRTP would be expected to have relatively long stage 1 regions, 
since end effects would become significant at higher strains than for 
short fibre materials, where the fibre end regions over which the stress 
is built up would represent a greater proportion of the fibre length.,
Stage one may thus be represented by the simple rule of mixtures equation 
which includes an orientation constant C to account for fibre misalignment, 
this indeed predicting a linear stage one region (equation 10.1.1).
r-(DThe stage one slope is equal to the initial modulus fcc , and is given
CEfVf £c +  Emec[ l - v J  (10-1-1)
by dividing equation 10.1.1 by the composite strain £ c to obtain 
equation 10.1.2. This equation was rearranged to allow the orientation
E® =■ CEfVf - t  En[ l ~Vf] <10-1*2>
constant to be determined from a knowledge of the fibre and matrix
E0_____________ _ c measured
experimentally (equation 10.1.3)* Values of C were evaluated using
equation 10.1.3 for long and short carbon and glass fibre filled PA.66
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and are plotted as a function of in fig. 10.1.1. Fibre alignment is*'
r _ Ec - E.n-v/3 ,
EfVf (10.1.3)
shown to be less good in short fibre materials and to increase with 
V^ . These C values are in close agreement with tiiose calculated using 
the Bader/Bowyer equation and with optical micrographs of the materials. 
High V^. materials possess high melt viscosity, favouring laminar flow, 
thus fibre alignment would be expected to increase with as observed.
In high composites the fibres are more constrained in the melt by 
the large volume of fibres present and will tend to be packed in the 
flowdirection, again leading to good alignment. Alignment was particularly 
marked in the testpieces used since there was a long linear flow path 
from the mould gates through the testpiece cavity constraining long 
fibres to lie along the flow direction.
As the composite strain is increased,.the effects of the stress 
build up from the fibre ends becomes increasingly important, until 
the simple equations 10.1,1 and 10*1.2 no longer hold,, and an equation 
modified to include these end effects must be used (equation 10.1.4}-
6 C ~  cE fec vf [ 1 - A ‘1 +  Emefc[ i - v,] (10.1.4)
In this case the composite stress increases less rapidly with increasing 
strain than in the continuous fibre case, since the critical fibre 
length Lq is a function of the composite strain and the value of 
[1 -  U / 2 l ]  falls below unity. The transition between the two
I —  —  (10.1.5)
Lc 'x ;
regions is gradual and the point of deviation from linearity cannot 
easily be established. For this reason an arbitrary slope change.was 
defined by equation 10*1.6, implying that on average fibres behave only 
95% efficiently. This is equivalent to defining the limit of stage one
LcI 1 2L J —  0-95 (10.1.6)
as being reached when the mean fibre length L is ten critical lengths.
Using this definition, the stage one to two transition strain
was obtained by substituting for L from equation 10.1.5 into 10.1.6G .
to give 10.1.7. By substituting mean fibre lengths L measured by
(10.1.7)
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length distribution analysis and bond strengths TT calculated from
S.E.M. analysis into equation 10.1.7, values for were determined.
The range of fibre stiffness E  ^and standard deviations in were
accounted for, resulting in a range of predicted values. The same
definition given in equation 10.1.6 was used to determine experimental
values. The matrix contribution to the initial modulus,E V . was
’ m irr
,a>
'c
this value calculated. The matrix term was then added back on and the
substituted from the experimental stage one slope E® and 95% of
strain at which the slope of the stress/strain curve Eq fell to this 
figure was taken as the experimental stage one to two transition strain 
(defined in equation 10.1.8). Experimental values are compared with 
the theory in figures 10.1.2 and 10.1.5 for glass and carbon fibre filled
Ec- E mVm =0-95[e® - EmV„] (10.1.8)
PA.6b systems as a function of mean fibre length. Agreement is shown 
to be quite good at high fibre lengths, but the theory underestimates 
at the shorter lengths. This is considered to be due to the poorer fibre 
alignment and the inadequacy of a single constant C in describing the 
degree of misalignment. From equation 10.1.7 it appears that .
is independent of the orientation constant C, but in fact the use of 
C is an oversimplification in equation 10.1.4. Consider the introduction 
of the C factor made initially by Cox.(84) to evaluate the load bearing 
capacity of misaligned fibres. The stress carried by the fibres, ,
is assumed to be reduced to CcffVf , but then to include this in the 
rule of mixtures it is automatically assumed that strain compatability 
still exists in the composite. This has been shown by Krenchel to be 
false, the fibre strain being reduced to £ o COS^"0 > where 0  is the 
angle between the fibres and the loading direction (107). For continuous 
misaligned fibre systems this does not affect the result, since the 
term is simply absorbed into the constant C, but for short fibre systems, 
described by equation 10.1.4> "the critical length is a function of the 
fibre strain . Thus using Krenchel's expression for fibre strain, 
equation 10.1.5 can be rewritten giving 10.1.9.
i _ g.cos’-eEf rf
L c ~  ------- ^ ----------  (10.1..9)
Since Lq is a function of fibre angle does depend
on fibre orientation which was not accounted for in the analysis presented.
At small fibre misalignment, the deviation is small, some 5% at &  =10° 
and 12% for 0 =20°, thus the analysis presented should be better for 
well aligned systems. In the short fibre systems, which have been shown
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to be less well-aligned, poorer agreement may be expected, predicted
2 ^values being too small due to the influence of the cos 0  term.
At small fibre lengths and V^ , the theory fits less well, since the
assumption of strain compatability does not hold. The theory
c* 1*)^predicts no variation of with , but values were found to
increase slightly as the V^. was reduced. This is because the strain 
compatability assumption is twice invalidated, firstly due to the poorer 
fibre alignment at low V^ and secondly by the fact that the matrix strain 
will be non-uniform and will locally exceed the average fibre strain.
Txxe experimental points presented in figures 10.1.2 and 10.1.3 are for 
high materials (0*2).
In stage two the stress/strain curve is parabolic and initially 
this is believed to be due to the increasing significance of fibre ends. 
Since is a function of strain, £c , the mean fibre length is now 
less than ten critical lengths. Thus in this region equation 10.1.4 
should describe the behaviour of the material. This equation can be 
rearranged (equation 10.1.10) to emphasise its parabolic form.
(10.1.10)6c.- g,e[cEfVf +EJ1-V*)]-£*
It is considered that this describes only the basic stage two behaviour. 
In addition, damage in the form of matrix cracking is accumulated in. 
stage two as evidenced by acoustic emission and optical microscopy, 
and some short fibres will become subcritical so that the equation 
should include terms to account for this; it then becomes identical with 
the Bader/Bowyer equation (22-25). In addition, the equation is only 
applicable to well aligned systems, as already discussed. Qualitative 
trends can, however, be explained: the rate of slope change of stage 
two being proportional to r.f . Thus fibre modulus would be
expected to have a large effect on this slope. Good alignment and high 
will tend to give large slopes, whereas high aspect ratio and bond 
strength tend to give low values. In carbon fibre systems, where 
is high, the highest slopes were observed, but in short fibre systems, 
the increase due to low aspect ratio is offset by the lower value of C, 
so that no marked effect is apparent.
Stage three has been shown experimentally to be a region in which 
specimen damage in the form of matrix cracks accumulates very rapidly, 
and this results in additional specimen strain and deviation from the 
parabolic stage two region.
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To summarise: stage one is a region in which fibre end effects are 
negligable and the composite^behaves as though it possessed continuous, 
but misaligned fibres; stage two is a region in which the stress build 
up at fibre ends becomes increasingly significant and results in a 
parabolic stress/strain curve; stage three is a region in which the 
slope deviates from a parabolic nature and conforms to no simple 
mathematical law, many matrix cracks being observed to form during this 
stage.
The relationship between composite modulus and V was shown to be 
approximately linear, as predicted (equation 10.1.11). Actual values of 
Eq cannot be predicted, since the orientation factor C was obtained by
applying this equation to experiment. Attempts have been made by other 
workers to predict modulus in FRTP by summing fibre contributions to 
stiffness over both fibre length and orientation, having measured both 
these distributions experimentally, but poor agreement with experiment 
was obtained (114)» This is undoubtedly because even this approach is 
too simple, since this work has shown that fibre length and orientation 
are not independent as assumed in the above mentioned work. Ideally 
length distributions would have to be computed for every fibre angle, 
then the double summation performed to obtain composite modulus.
But this is not the complete solution, since it has been shown in this 
work and in the literature (116,117) that fibre orientation, and 
probably also length, is a function of position in the moulding.
Charpy impact tests performed on unfilled PA.66 showed the material 
to be very notch sensitive. Fibre filling introduces many discontinuities 
in the form of fibre ends which may act as’notches’ and initiate failure 
in the matrix at low strains. Also in long fibre materials, fibres lying 
along the specimen length adjacent to the Charpy notch will tend to 
blunt the notch or impede crack motion. Thus fibre filled materials are 
apparently less sensitive to external notching in these tests. On fibre 
filling, the impact energy was found to decrease at first, but then 
increased at higher V^ , several factors being responsible for this 
behaviour. The decrease is due to the internal notching effect of the 
fibres, initiating a low strain failure. Higher specimens are 
stronger and thus require a higher stress to be reacned in the outer 
surface of the specimen before crack initiation and propagation occurs; 
this can result in a higher strain energy at fracture. Also, the larger 
the number of fibres present, the more fibre pull out and the greater
(10.1.11 )
199
the fracture area, this also giving rise to increased energy absorbtion 
with increasing V^,. Further, the fibre alignment has been shown to 
increase with V , and model composite work has demonstrated that the 
more aligned the fibres the more pull out that occurs, hence greater 
energy absorbtion results.
20 0
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0-4
0-1
Fig. 10.1.1. Variation of Orientation Constant C with Vf.
A= Long Glass Fibre/PA.66.
B= Long Carbon Fibre/PA.66.
C=Short Glass Fibre/PA.66.
D=Short Carbon Fibre/PA.66.
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10.2 ACOUSTIC EMISSION ANALYSIS h.
This technique was used to investigate the onset of damage and 
the rate of damage accumulation in FRTP. Unfilled polyamide 66 produced ' 
no counts during testing, indicating that acoustic output is due to 
the fibres or fibre/matrix interactions. Fibre debonding, fibre fracture 
loss of end adhesion and matrix cracking are thus all possible noise 
generating sources. Acoustic output was first recorded just after 
the stage one to two transition and the rate accelerated rapidly into 
stage three, the majority of counts being recorded in this latter stage.
Repeated loading tests did not produce counts until the previous 
maximum load had been exceeded, an observation made by other workers 
(chapter 7) an& is due to the fact that further damage is not incurred 
in the specimen until the load reached in the previous test is exceeded. 
Furthermore, initial moduli decreased on repeated loading due to damage 
accumulated by the specimen.
By correlation with other techniques, notably optical microscopy 
and length distribution analysis, in which no extensive fibre fracture . 
or debonding was . detected, at least until the very last stages of 
failure, it was concluded that the most likely source of acoustic noise 
was matrix cracking. In the latter region of stage two, after the onset 
of acoustic output, matrix cracks were observed and their number was 
found to increase in stage three where the count rate accelerated 
rapidly, this suggesting that the basic assumption is correct. Carbon 
filled specimens were observed to generate counts more rapidly than glass 
filled specimens, this being due to the higher bond strength and fibre 
modulus in these materials concentrating the matrix stress to a larger 
extent and thus causing matrix crack initiation earlier in the test.
In addition more fibre ends are present in the smaller diameter carbon 
fibre materials. Glass filled specimens having a lower bond strength 
may be able to accomodate some stress concentration by limiting fibre 
debonding, which may result in.fewer counts. No direct correlation 
between the number of cracks and counts can be made, since this is a. 
function of both the specimen attenuation and the severity of the event 
(chapter 9*8)•
The onset of matrix cracking, and thus also of acoustic noise, may
be predicted by a simple modification of the Cox short fibre theory
(chapter 5)» The maximum shear stress at the fibre/matrix interface
is predicted at fibre ends and is given by equation 10*2.1 , where £.
is the matrix strain, G the matrix shear modulus and r the mean fibre’ m o
spacing. Rearranging this for the strain gives equation 10.2.2.
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Since the fibres axe well bonded to the matrix, reaches the
^ max = £y3 tanh (10.2.1)
hereP~- Ef-E ,J r PhogaJ i
£  =
Z'tr,fftCXX
(Er En .)rt /S t a n h ^ -
matrix shear yield stress before the fibres debond and at this point
the matrix must either yield or fracture to accomodate higher stresses.
It has been demonstrated experimentally that the matrix fractures in
preference to yielding, behaving in a brittle fashion. To a first
approximation 'tTpug* may be replaced by the matrix shear yield stress,
-2 '41MNm for PA.66, then equation 10.2.2 should predict the onset matrix 
cracking strain. The situation is, however, complicated by the effects' 
of stress concentrations of fibre ends, fibre end geometry, local matrix 
modification and other parameters such as fibre misalignment. A constant 
K was intrduced to account for these, then the matrix cracking strain 
Cnc< S^-ven by equation 10.2.3. This equation was fitted to
2 KtV.
£ c~ k = ,c — a— r £ T  (10-2*^(Ef-Em) r* jz tanh
experiment using a 0«1V  ^carbon fibre/PA.66, allowing the value of K 
to be fixed, this being regarded as invariant with respect to fibre type 
and Vf, then values for other systems were calculated. In each case, 
the longest aligned fibres will initiate cracks first since these produce 
maximum matrix stress concentration, thus the maximum fibre length was 
used in the equation. Experimental values taken as the strain recorded 
at 100 acoustic counts were compared with theoretical predictions in 
fig. 10.2.1 as a function of Y^. for long carbon and glass fibre filled 
PA.66. The value for the fibre spacing, rQ, at a particular depends
on the fibre packing arrangement, and at high Y^ the difference between 
square fibre packing (marked a in fig. 10.2.1) and hexagonal fibre 
packing (marked A  in fig. 10.2.1) becomes significant. Agreement with 
experiment for both systems is good, except at low where the theory 
is not applicable since the assumption of strain compatability cannot 
be made. In addition, fibre interactions will become significant at 
high and some deviation from the theory would be expected. The 
calculation makes no provision for misaligned fibres, but since the
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maximum stress is carried by the longest aligned fibres, and many of 
these exist in all mouldings, this should not affect the prediction.
The calculated cracking strains for short fibre materials are only 
marginally higher than for long fibre systems, although experimental 
values are significantly higher. This deviation is probably due to 
the greater misalignment observed in short fibre systems, the composite 
straining more overall before the longest fibres initiate matrix cracks, 
since the matrix is less constrained by the fibres.
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10.3 FAILURE MECHANISMS
Failure might occur by one or more of several possible mechanisms 
which have-been observed in composites. Fibre and matrix failure strains, 
interface strengths and fibre volume fractions will determine the 
mechanism(s) pertinent to any particular system. In weakly bonded short 
fibre systems, the stress concentrations known to exist at fibre ends 
(chapter 7) may be accomodated by fibre debonding possibly leading to 
complete fibre debonding and failure by matrix shear. Alternatively only 
local debonding may occur, so that fibres still support load. Stress 
concentrations may also be^  accomodated by local matrix flow, particularly 
in well bonded ductile matrix composites. Whatever the method; if the 
stress at the fibre end is diffused into the matrix, the composite may 
then be loaded to the point of fibre fracture, which may also be 
accomodated by the composite. The Kelly modified rule of mixtures, the 
Parratt gross fibre failure theory, the Rosen cumulative weakening theory 
or the Zweben approach may then be applied depending on what determines:, 
the final point of failure. However, it is proposed that fibre fracture 
is not the only possible failure initiating phenomenon, but that 
alternatively matrix cracking could be responsible at stress concentrations 
at fibre ends. This might be the case in strongly bonded systems where 
the matrix is relatively brittle, when the only means of accomodating 
siess concentrations at fibre ends would be by matrix cracking, because 
neither debonding nor matrix flow would be possible. In a real system 
containing misaligned variable length fibres, the degree of stress 
concentration will vary at different fibre ends, cracks first forming at 
the most severe. Then under monotonic loading, at a certain critical 
value of stress, cracks will form at the points of greatest stress 
concentration. If these can be contained without catastrophic failure 
occurring, then on further rises in stress more cracks will be formed 
at less severe stress concentrations until one section becomes so 
weakened by matrix cracks that it fails by matrix crack coalescence, 
which may then involve some fibre fracture across that section. Thus 
failure is initiated by matrix cracks at fibre ends, but does include 
the possibility of consequential fibre fracture. The damage will not 
be confined to this one section however, many matrix cracks being 
expected to form through the total specimen volume.
The stiffest ahd strongest FRTP (highest Yf) were found to fail at 
strains less than the fibre failure strain, leading to the conclusion 
that if failure were initiated by fibre fracture, they must have been 
failing at strains below that characteristic of single fibre tests.
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It might he argued that the fibres were damaged during processing, 
but this is thought to be unlikely since no surface damage was observed 
experimentally and that as the fibres were broken into shorter lengths 
during compounding- and moulding, fracture must have occurred at their 
weakest points, probably resulting in the fibre fragments being stronger 
than the original longer fibres. This would also be expected from fibre 
statistical strength theories (chapter 3 .2 ) in which short fibres are 
predicted to be stronger than long fibres.' To establish whether fibre 
fracture occurred, length distribution analysis, optical microscopy 
and model composite tests were carried out and no evidence for any 
substantial fibre fracture was detected, except at low V^. where a 
different,ductile, failure mechanism was observed. On this evidence 
the Parratt, Rosen and Zweben theories do not appear to hold ahd it is 
necessary to propose a mechanism involving little or no fibre fracture. 
Such a hypothesis is that failure is initiated by matrix cracking and 
the rest of the work was aimed at establishing whether or not this was 
the case?
If matrix cracks are to be formed in ERTP, the most likely place 
is at points-of stress concentration of which fibre ends, which have 
been shown to substantially raise the stress in the adjacent matrix 
(chapter 7)> & re the most numerous. This has been demonstrated in 
S.E.M. observations. The situation is particularly severe in PRTP 
where fibres are short and ends are in close proximity, and at High
interaction between ends occurs leading to even higher stress levels. 
This can be shown by evaluating the number of fibres, N, in a FRTP, 
which is given by equation 10.3.1 where is the of fibres of 
length 1^ . Twice as many ends exist, that is q (where q — 2N), and 
assuming these are randomly dispersed throughout the composite, the 
average end spacing S will be given by equation 10.3.2.
3*4 diameters for equal to 0*2, but fibre ends in closer proximity 
than this will inevitably be present. Schuster and Scala have shown 
that fibre ends spaced more than 4 diameters apart (corresponding to
(10.3.1)
S for a 0*1 carbon fibre filled PA.66 is 4 fibre diameters, and
Y^ =0*1) do not perturb the matrix stress above that of a single
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fibre, but that at a spacing of one fibre diameter the matrix stress 
is magnified tenfold (135-6).
The fibre/matrix bond strength has been shown to be higher than 
the matrix shear yield stress in both fibre systems, and no debonding 
has been observed, implying that stress concentrations at fibre ends 
cannot be accomodated by fibre debonding and the matrix must yield or 
crack. Although the unfilled polymers have been shown to be extremely 
ductile, fibre filling at relatively low drastically reduces the 
failure strain, so that the matrix cannot yield and cracks develop 
in the material at the fibre ends.
The observation of matrix cracking in part tested specimens in
the stage two and three regions shows that failure does not occur
catastrophically on the formation of the first matrix crack and that a '
mechanism based on cumulative weakening of the material by matrix cracking
is operative. Matrix cracks are thus initiated at fibre-ends in regions
of high stress concentration, but do not propagate initially due either
to insufficient energy being available or by adjacent continuous fibres.
acting as crack arrestors. Low V specimens may contain these cracks
f
by limited matrix flow distant from the fibres, something observed in 
low FRTP (chapter 9» fig* 9*1Q«5)* Gradually matrix cracks are 
accumulated in specimens,, producing much acoustic noise, until one 
section is so weakened that it can no longer sustain the applied load 
and fails. Model experiments have shown that propagating matrix cracks 
in well bonded systems lead to crack multiplication by matrix shear at 
the fibre interfaces, so that as soon as the cracks propagate, 
catastrophic failure is inevitable. Much pull out of fibres whose ends 
lie within a semi-critical length of the crack plane will occur, as 
seen in S.E.M. observations, and fracture of other fibres with more 
distant ends may occur, this being a consequence of the failure mechanism 
rather than the initiating mechanism.
Many of the observations made in tests on FRTP can be explained in
terms of this matrix cracking theory. As increased, strength also 
increased as would be expected from application of the rule of mixtures 
approach, but the increase was less rapid than that of modulus due 
to a falling failure strain. This can be explained simply in terms of
the greater fibre alignment that exists in high specimens. Long
aligned fibres will result in the largest matrix stress concentrations 
at their ends, and this will be smaller if the fibres are shorter or 
misaligned. Thus the first matrix cracks are formed at long aligned 
fibres and as the strain is increased at more misaligned and shorter 
fibres. In addition, more long fibres capable of generating matrix
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cracks exist in high specimens, also resulting in a larger number 
of cracks being initiated. Thus in well aligned high V^, materials, more 
matrix cracks form earlier in the test than in low V« materials, and
I ’
specimens thus fail at lower strains. The failure strain of high Y^ 
materials was frequently less than that of the fibres. This is due to 
one section of the composite being most weakened, this straining to the 
fibre failure strain allowing crack coalescence and limited fibre 
fracture'to occur, although the overall composite strain will be less 
than this. At low the matrix is less constrained by the fibres, 
permitting the matrix to strain more overall than the average fibre 
strain resulting in higher failure strains. Thus the composite failure 
strain may exceed that of the fibres at low without any significant 
fibre fracture.
On increasing the mean fibre length, failure strain was observed to 
fall, although fracture stress and stiffness increased. The latter is 
expected,simply because long fibres reinforce more efficiently than 
short fibres, and the first bracKeted term in equations 10.1.4 and.
10.1.11 more closely approach the continuous fibre value of unity.
Since the fibres in short fibre systems are more misaligned, sufficient 
matrix cracks at fibre ends to weaken the composite to the point of 
failure will not be generated until higher strains are reached, permitting 
crack nucleation at the more misaligned fibres. In addition, short fibre 
systems contain a larger percentage of subcritical length fibres which 
have been shown by Schuster and Scala (135-6) to produce smaller stress 
concentrations at their ends, and thus may not generate cracks in the 
matrix. This is despite the fact that more fibre ends exist in short 
fibre systems.
Comparing glass and carbon fibre/PA.66, failure strain was observed 
to be lower in the carbon filled material, but the strength higher.
The latter is expected from a simple rule of mixtures approach, since 
the carbon fibre possessed higher. tensile strength and bond strength with 
the matrix than glass fibre. The lower failure strain is a consequence of 
the higher modulus and bond strength of the carbon fibre resulting in a more 
rapid stress build up from the fibre ends and thus higher matrix shear 
stresses at fibre ends. Consequently matrix cracks will be initiated 
at lower strains and failure also occur at lower strains than glass 
filled PA.66. In addition, more fibre ends exist in carbon filled 
materials of similar due to their shorter overall length and smaller 
radius, hence there are also more potential crack nucleation sites.
Glass filled specimens, possessing a lower bond strength, may have been 
able to accomodate the effects of some stress concentrations to a small
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extent by very limited fibre debonding.
At low fibre loadings, about 1% and less, a change in the fracture 
mechanism was observed from a brittle low strain failure to a ductile 
failure in which specimens strained to over 10%. These specimens, 
moulded at low temperatures, were not subjected to the high temperature 
embrittlement observed in highly filled materials, and any matrix 
modification by fibres would be very limited due to the small number 
of fibres present. Thus the majority of the matrix will behave in a 
ductile fashion allowing stress concentrations to be relieved by matrix 
flow,.and.if some matrix cracks are. initiated, these would be similarly 
contained. Thus the materials may be strained to much higher levels, 
allowing fibre fracture to occur as observed.experimentally, although 
failure will almost certainly be controlled entirely by the matrix.
The commercial glass filled PA.66 specimens were observed to fail 
at much higher strains than similar long fibre filled materials, but 
strength and stiffness were lower due to the much shorter fibres 
employed in this material. Since the fibres were short, a large 
percentage being subcritical in length, and also poorly aligned, matrix 
cracks would not be expected to develop until much higher strains. Very 
few matrix cracks were indeed observed experimentally in these specimens. 
In addition, low moulding temperatures could be used with this very 
short fibre material, .and some matrix ductility was observed, possibly 
containing any matrix cracks formed or perhaps even the stress 
concentrating effects of fibre ends directly, allowing much higher 
failure strains to be reached. Further, since the fibres are so short 
and misaligned, strength may be determined not by the fibres, but by 
the shear properties of the-matrix.
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10.4 MIXED FIBRE SYSTEMS
Since the failure mechanism is based, on matrix cracking as the only 
means of accomodating stress concentrations in well bonded FRTP., a 
possible solution to the problem of low strain failure would be to 
reduce the fibre/matrix bond strength to allow crack blunting by fibre 
debonding. However, this would lead to less efficient use of the fibres 
by raising the critical fibre length of the system, and lower strength 
and stiffness would result. It is possible that some compromise between 
fibre utilisation efficiency and bond strength could be reached, which 
might result in improved properties overall, particularly if small 
diameter fibres could be used that retained the same order of lengths 
encountered in carbon filled materials. An alternative solution is to 
introduce a third phase that bonds less well to the polymer matrix and 
so may temporarily halt propagating cracks by fibre debonding, as observed 
in model systems. Thus PA.66 reinforced by both carbon and glass fibres 
was investigated, to ascertain whether any interaction' occurred between 
the two fibre phases.
Mixed carbon/glass fibre systems demonstrated an approximately linear 
dependence between modulus and fibre ratio R, this being simply explained 
by application of the rule of mixtures. Equation 10.4*1 gives the 
composite modulus in terms of the contributions due to the carbon fibres, 
glass fibres and the matrix, where the superscripts gf and cf refer to 
glass and carbon fibre respectively and C is assumed to be identical for 
all systems. The effects of fibre length are accounted for by the 
constants A and B, which will remain constant for all fibre ratios.
The volume fractions of the fibres for varying R may be expressed in
Et=CAEefVf4 ♦ CBE^Vpat+Er«Vm
(10.4.1)
terms of the V of carbon and glass fibres
*\r cf *rr
fibre moulding compounds V£ and Y {
in the respective single 
, as in equations 10.4.2 - 4*
(10.4.2)
vfef = R V ?cf (10.4.3)
Vm = 1-RVfcf-(1- R ) V f* (10.4.4)
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Substituting into' equation 10.4-1 gives IO.4.5 which is linear with 
respect to R, as observed experimentally. Any variation in the 
orientation factor C was probably too small to be detected experimentally.
Both fracture stress and strain were enhanced at small glass fibre 
additions, this probably being due to the lower bond strength of the 
glass fibre allowing limited crack blunting by fibre debonding to halt 
propagating matrix cracks. Thus higher strains must be reached before 
composite failure occurs and consequently higher stresses. This also 
explains the large acoustic count totals recorded in these specimens.
The onset strain of acoustic output was little affected at low glass 
additions, as would be expected since matrix cracks would be initiated 
at carbon fibres first, at low strains, and as long as many of these 
fibres were present acoustic output would be recorded. At low carbon 
fibre contents, carbon fibres would be expected to initiate matrix 
cracks at low strains, and so produce acoustic noise early in the tests, 
hence the rapid drop observed in the onset cracking strain with small 
carbon fibre additions. Failure strains would not be expected to be ■ 
affected since cracks formed at carbon fibres would be blunted by 
glass fibres. This was also observed experimentally,.although fracture 
stresses were lower than expected, this possibly being due to.weakening 
of the material by cracks formed at carbon fibres, however this is 
undoubtedly not the complete answer, and further work is needed to 
investigate the properties of mixed fibre systems.
Ec = R Etf vfcf AC-E^Vf* B O E w ( VfW-VpCf) (10.4.5)
H  -
+ BCE9f
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10.5 AN ALTERNATIVE THEORY FOR THE PREDICTION OF STRENGTH IN FRTP
The established strength theories for composite materials are all 
based to a greater or lesser degree on fibre fracture. Seven such 
theories have been applied to FRTP to predict values for strength of 
long carbon fibre/PA.66 and these have been compared with the experimental 
data collected in this work. Strengths have been evaluated using the 
simple rule of mixtures, the Kelly modified rule of mixtures (as used 
by Lees), the Cox modified rule of mixtures, the Riley equation, the 
Parratt theory and the approaches due to Rosen and Zweben (see literature). 
In all cases the calculations were corrected for fibre misalignment by 
inclusion of the orientation factor C determined experimentally.
Values using the Kelly modification of the rule of mixtures were calculated 
using both the full length distribution, summing over lengths as described 
by Lees (94,101), and also using the mean fibre length, the two methods 
predicting almost identical strengths. In other equations, the mean 
fibre length as determined by length distribution analysis was used 
where necessary. In the calculation of strengths using the Zweben 
theory, the stress at which the first double fibre break occurred was 
taken as the criterion of failure. The strengths as calculated by these 
theories are given in fig. 10.5.1 as a function of V^ , together with 
the experimental values obtained in this work. It is clear that the 
correspondence between theory and experiment is not good, more especially 
the curves are of .completely different form. Similar results are 
obtained when the theories are compared with the other PA.66 based systems. 
None of the established theories is based on the observed failure 
mechanism and none can predict the dependence of strength on V^ .
Consider a simple short fibre composite in which all the fibres are
perfectly aligned, of equal dimensions and possess'similar end geometry
so that all ends magnify the stress in the matrix to the same extent.
In addition, assume that fibre ends are randomly disposed throughout
the composite and no interaction occurs to locally raise the stress
level in the matrix above that induced by the stress concentrating
effect of a single fibre end. On loading this ideal composite, a
unique strain £ , will be reached at which fibre end stresscrack
concentrations are sufficient to generate a matrix crack at every fibre 
end. The initial problem is to demonstrate that the composite is ■ 
capable of surviving this sudden weakening of the system.
Consider a plane in the composite of unit area, perpendicular to the 
applied stress. Adjacent matrix cracks will locally perturb the stress
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on this plane and reduce its load bearing capacity. The nature of 
the peturbation is very difficult to determine in an inhomogenous 
system such>as this, but a simple first approximation can be made: In 
any composite the maximum distance over which fibre events can interact 
is the semi-critical length, and at this distance the interaction is 
zero. On average interactions will thus occur over distances of half 
this value. Fibre ends with cracks within tnis distance either side of 
the specified plane will thus be assumed to reduce the load bearing 
cross-section of the plane by an amount equal to the crack area. If the 
reduced cross-section can sustain the applied load, the stress in the 
composite may be further increased before failure.
In a unit volume of composite there are q fibre ends, given by 
equation 10.5*1, where 1^  is the fibre length. Since the ends within . 
one quarter of the critical length 1 either side of the plane are
assumed to contribute to the perturbation, the number of fibre ends in
a volume must be evaluated, and thisis given by equation 10.5*2.
To determine the total reduction in load bearing area of the plane,
2 Vp
= TT-rf2 lp (10.5,1)
q,c = Vf j;c. but U = 6uf Ef ff
11 Lp --
‘ . q.c = Vf (10*5*2)
yirr^'fcrlf
the area of a single crack at a fibre end must be evaluated. Once a 
crack is initiated at a fibre end, in a system in which the matrix 
failure strain exceeds that of the fibre, the crack propagates away 
from the fibre1 through matrix which is strained to a smaller extent, 
since the fibre end stress concentration decreases with increasing 
distance from the fibre end. At some point the crack will be halted, 
probably before it reaches the nearest neighbour fibres, since unless 
the local stress concentration at the crack tip could be contained by 
local debonding, which is unlikely in these well bonded materials, the 
fibres would fail. If the crack could fracture these fibres it would 
probably propagate catastrophically through the material,' but cracks 
of that order of dimension are not observed experimentally prior to 
failure. Thus the crack appears to be halted before it reaches the 
nearest fibres. The maximum possible crack radius, r , is thus equal
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to the fibre surface to centre spacing (fig.10.5.2). The value of rs
is related to the fibre radius and by equation 10.5.3, and the area
of a single crack, A , is thus given by equation 10.5.4 .s
rs = / ^ V  _
Vf
Ac=-n- /  vF
T
(10.5.3)
(10.5.4)
The total crack area perturbing one plane is thus 0.cAg, given by 
equation 10.5.5* In this one section there is a certain fraction of
q c As= ^
rf'tr Lf
• v r t '
n Z
Vf
(10.5.5) ’
continuous fibres bridging the section and still supporting load, q^. 
This is given by equation 10,5.6. These fibres together with uncracked
rrr/-
—  Vf _  Vf E-f 
t r  r^ 'trl*■r r/-
(10.5.6)
matrix must now be capable of supporting the applied load' across the
eff.weakened plane, A new effective fibre volume fraction, , can be
defined which is the volume fraction of bridging fibres (equation 10.5.7).
tiff
Vf =  q .ir  r / (10.5.7)
effSimilarly the volume fraction of uncracked matrix, , may also be
defined, and this is given by equation 10.5.8.
(10.5.8) 
;king, th
', which is given by equation 10.5-9*
4- E ^ E - V *  (10.5.9)
v ;=  1 - q A s- < f
At the matrix cracking strain £ , , just prior to crackin e
, , C 3?clCK
o', oraokcomposite carries a stress Oc
>CV*tK
1 -
rPTftUC Se
2 h r
The fracture stress of the composite depends on the strength of the most 
weakened section, which is determined by the bridging fibres and 
uncracked matrix. The fracture stress of this weakened section, Ouc 9 
is given by equation 10.5.10, averaged over the total area of the section, 
although the actual stress in the weakened section with a reduced area 
will be higher than this.
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'lit- (10.5.10)
eff effV^. and are given by equations 10.5*7 and 10.5.8. The condition
for thecomposite to withstand matrix cracking at the cracking strain
8 orack 13 thuS:- J
^  '  U C  (10.5.11)
_J J  CIE?cLOl£
where One and 6 c- are given by equations 10.5.9 an& 10. The
. . C2?3#clc
values of c5ue an(i Ot have been evaluated for three FRTP materials
in which the fibres are fully aligned (hence C = 1) and possess a unique
length, the mean length determined by length distribution analysis being
substituted. The values of £. . were taken as the strain at whichcrack
one hundred acoustic counts were recorded, as discussed in chapter 9*
» * QI?£LOlc
Figures 10.5.3, to 5 depict the variation of and' o«- with-V^
for long and short carbon fibre/PA.66 and long glass fibre/PA.66,
predicted areas resulting since the variation of fibre strength quoted
by the fibre manufacturers has been included in the calculations.
Observations by optical microscopy on FRTP has demonstrated that matrix
cracks never develop to more than about three fibre radii prior to
fracture. This has been included in the calculation of C^ tic as an upper
limit to the crack dimensions, resulting in a second set of predicted
areas in the figures. The effect of this modification is very noticeable
at low where the fibre spacing is large and the initial assumption
results in unrealistically large predicted crack radii. At high. V^ , the
materials are shown to be capable of withstanding the matrix cracking
and supporting higher loads before failure, as observed experimentally.
Using the calculated crack radii, r , a change in the fracture mechanisms
is predicted at low V^. in the short carbon material, to a catastrophic 
mechanism involving failure at the cracking strain, although inclusion 
of a maximum limit to the crack size results in the inequality (equation- 
10.5.11) being obeyed for all Yf. This agrees with experiment in which 
a cumulative weakening failure was observed, except at very low V^ where 
the mechanism changed to one involving considerable fibre fracture, not 
accounted for by this hypothesis.
In partially aligned FRTP with variable fibre lengths, cracks form 
initially at long aligned fibres and at increasing strains at more 
misaligned and shorter fibres, hence a unique ^ rack does not exist.
This is because stress concentrations are smaller at the ends of 
misaligned and short fibres. In systems containing many subcritical 
length, fibres, matrix cracks may not develop, then this theory will
217
clearly not be applicable. Thus the theory only applies to systems in 
which the mean fibre length is substantially larger than the critical 
length, such as long fibre materials and also short carbon fibre/PA.66 
in which the mean length exceeds three critical lengths. Short glass 
fibre systems, in which the mean length is less than 50% longer than 
the critical length and in commercial A190 systems with even shorter 
fibres, the theory does not apply.
Equation 10.5.10 may be modified to predict failure stresses in 
FRTP. where fibres are partially aligned, by the inclusion of an 
orientation parameter C calculated in section 10.1 to scale down the 
fibre contribution and use of the mean fibre length for 1^ . The 
assumption implicit in this operation is that fibres are only partially 
misaligned and that failure is still determined by crack coalescence 
and fracture of the bridging fibres in the most weakened section.
The fracture stress of such systems is given by equation 10.5*12.
using this equation are presented in figures 10.5.6-8 as a function of
calculated using an upper limit to the crack dimensions of three fibre
radii, as used in figures 10.5*3 - 5* Variations of both fibre strength
and orientation were included in .the calculations, hence predicted
areas result. Agreement between theory and experiment is quite good,
particularly with the theory employing an upper crack size, although
in general the theory underestimates at low V^ and overestimates at
high Vf. The reason for the latter is certainly due to neglecting
interactions in the theory, since as the V^ is increased the proximity
of fibre ends increases and local matrix stresses may be raised above
the level attainable by a single fibre end alone, causing earlier crack
nucleation. In addition, local stress concentrations at the tips of
matrix cracks will be important at high Vf and may result in limited
early fibre failure. This will depend to a great extent on the ability
of the adjacent fibres to debond and transfer the extra load over a
greater length of fibre, but this will be very limited in these well
bonded materials.
!
Deviations at low Vf are probably due to the overestimation of cracx 
area, although this was partially corrected for by using an upper limit
L
The values of fracture stress calculated for the same three systems
Vf, together with experimental values. Values of Ouc were also
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to the crack size. The cracks will undoubtedly not be circular as 
assumed, but as portrayed by the dotted lines in fig. 10.5.2, since 
the fibres locally constrain the matrix. In reality the crack radius 
will certainly vary with V , but generally be smaller than assumed in 
this theory. In addition, at low limited matrix flow may be possible, 
blunting matrix cracks, allowing’ higher stresses to be reached, .in the 
composite prior to failure. Further, the true nature of the stress 
perturbation by matrix cracks in inhpmogeneous systems is unknown, an 
approximation being made in this hypothesis. Use of thinner sections 
in the calculations of the number of perturbing fibre ends results in 
better experimental agreement, although this is difficult to justify 
theoretically. The actual degree of the perturbation may possibly be 
evaluated experimentally by analysing models of fibres with matrix cracks 
at their ends photoelastically and the results substituted into this 
theory.
The possibility of matrix crack overlap in the composite section 
considered, effectively reducing t.he calculated redundant composite 
area, was evaluated and found to amount to only a few percent of the. 
total area in long fibre materials, but in the short fibre material this
was more significant and may possibly have introduced some error in the
calculations.
Since the fibres used were short, their strengths are likely to 
have been higher than the mean quoted by the manufacturers, due to the 
strength/length effect of brittle fibres, implying that strengths should 
lie nearer the upper bound of the shaded theoretical areas and thus
agree more favourably with experiment.. In the short fibre system,
fibres were more misaligned and it is likely that the poorer experimental 
agreement was partially due to a slight change in the fracture mechanism, 
particularly at low V^ , to one involving limited matrix shear. The theory 
was compared with experiment for short glass fibre/PA.66 and A190 and 
poor agreement obtained, as expected due to the assumptions made in 
this theory.
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CHAPTER 11 . CONCLUSIONS
11. CONCLUSIONS
1. The fracture stress and low strain modulus of fibre filled 
polyamide 66 and polypropylene were shown to increase with increasing 
Vf, but failure strain was reduced due to an embrittling effect. 
Specimens moulded from compound made by the extrusion coating
route were shown to possess more favourable mechanical properties 
than commercially available material, due to their longer fibre 
lengths. The materials were shown to fail in an essentially brittle 
fashion, except that at very low ( < 0»02) when a ductile
mechanism was operative. Stress/strain curves were shown to 
exhibit a three stage form, where the first stage was quasi-elastic 
and the effects of fibre ends unimportant, the second stage was a 
region of increasing fibre end significance and the third stage a 
region of progressive failure by matrix cracking.
2. An equation relating the duration of the first stage with 
material parameters was proposed, which agreed well with experiment,
A modification of the Cox short fibre theory (84) was also proposed 
which enabled the onset of matrix cracking to be calculated and a 
hypothesis based on the proposition that failure is initiated by 
matrix cracking rather than fibre fracture also propounded. Although 
simple, in that all possible variables could not be included in the 
analysis, reasonable agreement between the theory and experiment was
• obtained.
3. By using hybrid fibre composites containing both glass and 
carbon fibres, it was shown that more beneficial property enhancement 
could be obtained, particularly with small glass fibre additions.
4. In studies of transparent model composite, systems, it was possible
to associate all the established fracture modes in composites,
• i.e. fibre pull out, fibre fracture, fibre debonding and matrix 
cracking, with the relative stiffness and strength, of the matrix
and fibres and the nature of the matrix/fibre interface. Further, it
was shown that in well bonded systems, matrix cracking will occur
before debonding or fibre fracture at points of stress concentration.
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Length D is tr ib u tio n  Analysis.
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C a lcu la tio n  oj. C. and  'tL  using 
the Bader/Bowyer Equation.
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Fibre- Matrix Interactions: The Physics of Reinforcement. 
I .P.P. Conf. Sussex University 1975.
Direct Microscopic Observation of Failure Processes in Continuous 
and Discontinuous Fibre Reinforced Thermoplastics
P.T.Curtis and M.G.Bader, Department of Metallurgy and
Materials Technology, University of Surrey, Guildford, Surrey .
The mechanical properties of most thermoplastics can be 
usefully enhanced by the incorporation of suitable filler mat­
erials, such as talc, asbestos glass ballotini and both glass 
and carbon fibres. The general effect of the particulate fil­
lers is to improve the dimensional stability of the thermoplastic, 
raise the heat distortion temperature and improve the low strain 
modulus. Fibrous fillers, however, offer the additional 
possibility of much greater modulus and strength enhancement, 
although the latter is limited by a decreased strain to failure 
with increasing fibre volume fraction (1,2,3,4). This is shown 
in figure 1 which depicts the strain at fracture in nylon 6.6 
reinforced with long and short, glass and carbon fibres. The 
failure strain in these materials at high Vf is observed to be 
less than the matrix yield stress and also less than the failure 
strain of the fibres! Any theory describing failure in these 
materials must therefore be capable of explaining these low 
failure strains. Two explanations may be proposed: Firstly that 
fibres are somehow weakened, perhaps in the compounding process, 
allowing fibre fracture to occur below the failure strain of the 
virgin fibres. However, most theories of fibre strength indicate 
that the fibres are stronger when tested over very short lengths!
Secondly, the matrix or the fibre/matrix interface may be initiat­
ing failure, rather than fibre fracture.
The principal failure theories applicable to FRTP are founded 
on fibre fracture in some form. Parratt proposes that composite 
failure occurs when fibres are shortened by a process of pro­
gressive fibre fracture to the point at which they no longer
sustain the applied load (5); failure then occurs by matrix 
shear. Rosen considers the strength of composites to be governed 
by the statistical accumulation of fibre fractures. The failure 
point is defined as being reached when random fibre breaks have 
weakened one layer of the composite to the point that it can no 
longer sustain the applied load (6). Both these theories neglect 
fibre interaction but Zweben has modified the Rosen theory to 
include the stress concentrating effect that broken fibres impose 
on adjacent fibres (7). It is concluded that the occurrence of
the first multiple fibre break should be taken as the failure
criterion. This can be treated statistically and predictions 
for failure stresses be made which agree well with experiment.
The situation is, however, rather more complex in FRTP 
since a range of fibre lengths and orientations exists which 
prevents the application of the simple theoretical models 
proposed by Parratt, Rosen and Zweben. However, the problem 
can be tackled experimentally and a qualitative picture of the
fracture mechanism in these systems be built up. Since the 
above theories are all based on fibre fracture in some form, 
experiments were first conducted to measure fibre lengths in 
strained and unstrained specimens as a means of detecting 
fibre failure. It seemed reasonable to propose that if failure 
was initiated by fibre failure in the manner described above, 
the regions of the test piece close to the failure zone would 
contain many broken fibres. The results, however were negative, 
implying that no large scale fibre fracture occurs during fail­
ure in these materials. Detailed microscopy of these areas 
revealed few, if any, cases of fibre failure but much matrix 
cracking was observed.
In parallel with these tests, controlled fracture 
experiments on transparent model composite systems, containing 
small quantities of fibrous fillers, have been performed. The 
tests are conducted under an optical microscope, allowing the 
relevant micro-failure mechanisms to be identified. Specimens 
were of the double cantilever beam configuration, allowing a 
controlled crack propagation to be observed through the material. 
Both E glass fibre and carbon fibre have been used in the model 
systems, some chopped into short lengths as in the FRTP systems, 
other in single continuous lengths to permit observation of 
the interaction of a crack and a single fibre. Three model 
matrices have been investigated, polymethy1-methacrylate (PMMA), 
a clear casting grade of unsaturated polyester resin, and a 
flexibilised polyester resin. The failure strain of the poly­
ester is low, less than that of the glass fibre, but that of 
the PMMA was greater, so that this was considered to be a more 
representative matrix material. This material possesses the 
additional advantage that crack propagation is much more 
easily controlled than in the very brittle polyester systems.
The effect of fibre surface treatment on the interaction 
between cracks and fibres in both the carbon fibre and glass 
fibre filled model systems has also been investigated.
The model system shows all the normal features associated 
with fracture in fibre reinforced composites. Fibre pull out 
is frequently observed and fibres can be observed as they pull 
out and leave sockets in the polymer matrix. PMMA models 
generally show less pull out than polyester matrix models, due 
to the increased fibre/matrix bond'strength. Fibres that lie 
more than a few degrees from the perpendicular to the crack do 
not pull out at all, but break in the plane of the crack. They 
do, however, debond to the same order of distance from the crack 
as those fibres perpendicular to the crack (which is often con­
siderably more than the pull out lengths). These fibres will 
thus contribute less to the fracture toughness of the material.
Crack blunting by fibre debonding is also visible, in the 
classic Cook and Gordon (8) mechanism, where a weak interface 
lying perpendicular to the crack path is opened up by the 
triaxial stress system that exists at the crack tip, effectively
blunting the crack. This occurs principally in high Vf regions 
found in sized glass fibre/polyester specimens, where the chopped 
fibre does not disperse, but remains in small discrete bundles. 
Cracks can be seen to intercept fibre bundles and cause consider­
able debonding perpendicular to the crack plane. In lower Vf 
FRTP the interaction of cracks with single fibres, or at least 
more dispersed groups of fibres, is of greater significance.
There is again a tendency for single fibres to arrest a crack, 
which appears to be temporarily diverted either side of the 
fibre (figure 2)* This behaviour has been predicted by Grief 
and Sanders (9) who calculate the stress concentration at the 
crack tip to drop to zero as the crack approaches a fibre. At 
first the crack propagates around the fibre without any debond­
ing. There is a layer of uncracked matrix surrounding the 
fibre, and the fibre is, thus, locally contraining the matrix. 
Eventually the crack intercepts the fibre and some interfacial 
debonding occurs. The two diverted crack forks eventually 
unite on the far side of the fibre, but have inevitably grown 
out of the original plane and thus leave a visible matrix step 
pointing in the direction of crack growth.
Fibre surface treatment can severely affect the manner in 
which a crack interacts with a single fibre. In weakly bonded 
systems, the crack is seen to debond the fibre. Well bonded 
systems exhibit a different behaviour, and little debonding is 
observed but secondary matrix shear cracks are observed to 
form at the interface, and these may then propagate into the 
material.
A phenomenon known as multiple matrix cracking described 
by Kelly and co-workers (10) is also visible in the glass 
fibre/polyester systems. In these models the ultimate matrix 
strain is less than that of the fibre and this can result in 
local matrix failure before general composite failure. This 
only occurs in high Vf regions where the fibre density is 
sufficiently high to support the extra load thrown on the 
fibres as the matrix fails. In the glass/FMMA system, however, 
fibre fracture may occur before composite failure.
Fibre fracture has also been observed and a socket is 
visible where the two fibre ends have retracted on unloading. 
These failures frequently occur ahead of the crack close to 
some stress concentrating agent such as a fibre end, but many 
may be seen near the primary crack.
Matrix cracks are common at any form of stress concen­
tration, such as fibre ends, breaks and crossover points, and 
fibres in close proximity. This type of cracking is the most 
commonly observed event in a glass/PMMA model; every fibre 
within 50 fibre diameters of the crack tip developing cracks 
at their ends. This shows that just ahead of the crack, the 
easiest sites for crack initiation are fibre ends, breaks and 
crossovers, due to their stress concentrating effect on the
matrix adjacent to the fibres. Photoelastic information also 
suggests that the high interfacial shear stress combines with 
high tensile stresses to produce a severe stress concentration 
(11).
Evidence from this work implies that failure is matrix 
rather than fibre controlled and that matrix cracks are initia­
ted in the material at stress concentrators at fairly low 
strains. These may not propagate at first, but the stress con­
centrating effects of fibre ends and breaks will locally amplify 
the.stress on these matrix cracks, causing crack propagation 
below the unconstrained fibre or matrix failure strain. The 
bond strength in FRTP is generally very high, thus preventing 
fibre debonding acting to blunt these cracks, so that a 
catastrophic crack propagation situation exists in these mat­
erials .
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THE MICROMECHANICS OF FRACTURE 
IN FIBRE-REINFORCED THERMOPLASTICS
M. G. Bader, P. T. Curtis, R. S. Chhatwal 
University of Surrey, Guildford, England.
1. SYMBOLS
GRP Glass reinforced (thermosetting) plastic
CFRP Carbon fibre reinforced (thermosetting) plastic 
FRTP Fibre reinforced thermoplastic 
L Critical fibre length at fracture
Ej Youngs modulus of fibre
a ^ Fibre fracture stress
Shear strength of fibre/matrix interface
r fibre radius
ultimate composite strain
eU strain in matrix at composite failure
m
strain in fibre at composite failure
2. INTRODUCTION
The mechanical properties of most thermoplastic materials may 
be usefully enhanced by the incorporation of suitable filler 
materials. These are usually inorganic particulate or fibrous sub­
stances such as talc, asbestos, glass ballotini and both glass and 
carbon fibres. The general effect of the particulate fillers is to 
improve the low strain modulus, raise the heat distortion temper­
ature and improve the dimensional stability of the thermoplastic. 
The fibrous fillers additionally offer the possibility of much f 
greater modulus and strength enhancement.
The constitution of fibre-reinforced thermoplastics (FRTP)
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differs in three important aspects from that of the more con­
ventional glass and fibre reinforced thermosetting resin materials 
(GRP and CFRP). Firstly in order that the-reinforced thermoplastic 
may be processed by the conventional route for that material, 
principally by injection moulding (and this is possibly the most 
important attraction of the material), it is necessary that the 
fibres are in discrete short lengths rather than as continuous 
filaments. The same requirements of mouldability also limits the 
maximum proportion of fibres which may be utilised. This upper 
limit is dependent on the length of the fibres but is close to a 
of 0.4 in most cases. The final point concerns the fibre 
orientation and distribution. In GRP and CFRP the fibres, in the 
form of rovings, cloths, mats or felts, are placed more or less 
precisely where required; whereas in FRTP the fibre distribution 
is complex and depends on the flow pattern generated during the 
moulding operation which is in turn influenced by both the mould 
and runner design, and by the machine settings (e.g. temperature, 
injection rate etc). The fibre length distribution is influenced 
by both the material compounding and the moulding operations (1).
The extent to which these short, misaligned fibres enhance 
the stiffness and strength of the composite depends on their rel­
ative volume fraction, their length, their orientation and the 
shear strength of the bond between the fibre and the thermoplastic 
matrix. The concept of a critical fibre length, L , is well 
established (2), but it is usually applied to the case of fibre 
fracture. Thus an aligned fibre of length L represents the 
shortest fibre which may be loaded up to its fracture stress by 
shear transfer from the matrix;
when: T _ °uf r *
C T f
mf
and fibres of length greater than L would fracture when the strain 
in the composite, e , exceeded the fibre strain to fracture.
e > fc — —    (2)
Ef
However, even at levels of strain below that necessary for fibre 
fracture, the stiffness enhancement is subject to a similar
critical fibre length effect (3) which at any value of composite
strain is given by:
E c e r
’ -TT   <»mf
Fibres of this critical length will be strained to the same value 
as the matrix at their centre point. Those which are shorter will 
be strained to a lesser extent, and thus carry less load; whilst 
longer fibres will have a region of length L - L £ in their centres 
which will be strained uniformly with the matrix. In terms of 
reinforcement efficiency an infinite fibre would give a value of 1
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(i.e. as predicted by the simple law of mixtures equation), a
fibre of the critical length would give a value of only 0.5, but
at 5 L the efficiency rises to 0.9. At low strains L will be £ • • £ 
very small but will rise as the strain increases, up to the value
L when fibre fracture would occur. So that in a composite con­
taining fibres of a range of lengths, at small strains all the 
fibres will be of length greater than L and the stiffness 
enhancement will be high but as the strain increases the shorter 
fibres will be progressively unable to carry such a high pro­
portion of the total load, so that the apparent stiffness enhance­
ment efficiency will drop. The enhancement efficiency will also be 
reduced by any misalignment of the fibres relative to the direction 
of loading. Thus in order to predict the stiffness of a FRTP it 
would be necessary to measure the total fibre length distribution 
and the relative fibre orientation and to measure the effective 
strength of the fibre/matrix interface t f. In an attempt to do 
this, Bowyer and Bader (3, 4, 5) estimated that the value of L £ 
at 0.02 strain for 12 ym diameter E-glass fibres in nylon 6.6 was 
approximately 0.2 mm and 0.12 mm for 8 ym diameter H.S. type 
carbon fibres. Optimum efficiency would thus be achieved with 
lengths exceeding about 1 mm; this was an order of magnitude 
greater than the lengths found in currently available2Commercial 
materials. The estimated values for t  ^ were 45 MN/m for the 
nylon/glass and ^130 MN/m for the nylon/carbon interface. This 
latter value is greater than the shear strength of the matrix - a 
point which will be discussed later. The orientation effect was 
allowed for by a simple factor C. This would be 1.0 for perfect 
alignment, 0.33 for random fibres in one plane, and 0.167 for a 
completely three dimensional random distribution. The values 
measured varied over the range 0.7 to 0.33 for various fibre/ 
matrix combinations in injection moulded tensile test pieces. In 
the case of materials having relatively long fibres, the orien­
tation factor was generally greater than 0.55, indicating a sub­
stantial degree of alignment.
The implication of this work was that the ideal FRTP should 
contain as high as practicable a volume fraction of fibres, of 
length exceeding 5 L (i.e. > 1  mm). These were manufactured and 
the mechanical test programme revealed materials of outstanding 
stiffness and excellent strength. The strength enhancement was 
however much less than that of stiffness, due to the fact that 
fracture occurred at lower values of strain when high volume 
fractions of relatively long fibres were used. This is clearly 
illustrated in Figures 1, 2 and 3.
The actual strain at fracture of the more highly filled 
composites is somewhat less than that of the fibres in single 
fibre tensile tests. This might suggest that the strength of the 
fibres is reduced significantly during the compounding and moulding 
operations, but that failure of the composite is initiated by the 
fracture of fibres of length greater than L . An alternative 
hypothesis is that fracture is initiated in the matrix due to the
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stress concentrating effect of the fibres and that the strain never 
reaches the critical level to cause fibre fracture.
In the present work we have sought' to explain this embrittle­
ment by a more extensive study of the mechanical properties of glass 
and carbon fibre reinforced nylon and polypropylene and by concur­
rent studies of the mechanism of failure in both FRTP and model 
systems.
3. MATERIALS
The principal materials used in the investigation have been 
nylon 6.6 and polypropylene, which have been reinforced with either 
E-glass or HS (high strength) carbon fibres. The nylon was 
'Maranyl A 100' supplied by ICI Plastics Ltd and the polypropylenes 
designated 'Propathene PXC 8639' also supplied by ICI. The 
'Propathene' is a special compound designed to 'couple' with a 
suitably surface finished glass fibre to produce a strong interfac­
ial bond. The glass fibre rovings were supplied by Fibreglass Ltd. 
a grade designated FGRE1 treated with a size, MSS 1421, being used 
with the nylon and FGRE 5 with size MSS 301 for the polypropylene, 
these sizes being designed to be compatible with the respective 
polymers. The carbon fibre used was 'Modmor Type II-S' a high 
strength surface treated fibre prepared from a polyacrylonitrile 
precursor by Morganite Modmor Ltd. A moulding compound was pre­
pared by extrusion coating the fibre roving with the appropriate 
polymer, and then chopping to give pellets of a size suitable for 
injection moulding. The process is described in more detail in 
reference (1). These pellets were then injection moulded into 
suitable test pieces using a screw preplasticising moulding 
machine. The tensile test piece had a gauge portion 40 mm long and 
5 mm x 2 mm cross-section. The isochronous and elevated temper­
ature data was obtained with an ICI type creep test piece 100 mm 
long and of 6 mm x 2 mm cross section. Both these test pieces were 
moulded simultaneously in a multicavity mould.
Moulding conditions had to be varied according to the fibre 
content but care was taken to avoid overheating and degradation of 
the polymer due to long residence times in the plasticising section 
of the moulding machine. All test pieces tested were taken from 
the middle group of long moulding runs. This ensured good 
repeatability between tests. The test pieces were conditioned by 
holding in a room maintained at 20°C and approximately 50% relative 
humidity for a period of at least 28 days prior to testing.
Model composites were also made using similar fibres but in 
transparent polyester resin and polymethyl.methacrylate (PMMA) 
matrices to allow optical observation of the failure processes.
These model composites were made up with relatively low volume 
fractions of fibres, both continuous and short fibres were used 
and samples of various controlled distributions were prepared.
The fibre was incorporated in the liquid resin, taking care to pre­
vent any preferential fibre orientation, in a suitable mould and 
was then cured at room temperature using a conventional initiator
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and accelerator in the case of polyester and an ultra-violet light 
curing initiator (benzoin) in the case of the methylmethacrylate 
monomer.
4. EXPERIMENTAL
4.1 Mechanical testing: Tensile tests on the moulded composite 
test pieces were carried out on an Instron testing machine using 
an Instron strain gauge extensometer to measure the strain. Force 
and strain were recorded against time on a two-pen recorder incor­
porated in the testing machine. The elevated and sub-zero temper­
ature tests were conducted on the same machine but using an air 
circulating, controlled environment cabinet. Heat was by a con­
ventional electric heating element and cooling by a controlled 
supply of liquid nitrogen.
The short term creep tests for determining the isochronous 
strength data were carried out on a modified, dead weight loading, 
metal creep testing machine. A similar controlled environment 
cabinet was used, but the strain was measured by means of an LVDT 
(microformer) extensometer.
4.2 Materials Characterisation: The principal objective of this
characterisation was to determine the total fibre content, Vf, and 
the length range of the fibres in the moulded test pieces. The V- 
was determined in the case of glass fibre filled materials by hear­
ing a weighed sample taken from the test piece (about 0.5 g) at
600 C in air, then weighing the residual fibres after all the
polymer had burnt off. This was a very reliable method, but it 
could not be used for the carbon fibre containing samples. In 
those with the nylon matrix, a sample was digested in a concen­
trated sulphuric acid/hydrogen peroxide mixture (6) and the 
residual fibres then filtered off and weighed. Unfortunately this 
method was not satisfactory for the polypropylene based materials 
which had to be dissolved in hot ’Dekalin', when the fibres could 
again be filtered off and weighed. This was, however, the least 
satisfactory of the methods used.
The fibre length distribution was determined by taking a
small sample, burning off or digesting to release the fibres as
described above and then spreading a representative sample on a 
microscope slide. This was photographed with a reference graticule 
and from a suitable print, the individual fibres could then be 
counted and measured. Much of this work was done manually but a 
Zeiss particle size analyser was available during one stage of the 
work, which considerably eased the tedium of this particular 
operation.
4.3 Microscopy and Fractography: In parallel with the mechanical
testing, a programme of optical microscopy on polished sections cut 
from the test pieces and scanning electron microscopy (SEM) of the 
fracture surfaces was conducted. This, however, did not provide 
information sought as to whether the failure was initiated by 
individual fibre fracture or by matrix failure due to the stress
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concentrating effect of the fibres. Accordingly some fracture 
experiments were carried out on transparent composites containing 
small quantities of fibrous fillers. The object was to view the 
failure process under the optical microscope and to identify the 
relevant micro-failure mechanisms. The systems selected were an 
unsaturated polyester resin with E-glass and polymethylmethacrylate 
(PMMA) also with E-glass fibre. These systems provide a good 
optical match between the fibre and the matrix so that the fibre 
can be observed without excessive optical reflection or scattering 
at the fibre/matrix interface. Various test piece designs were 
evaluated, the most successful being a miniature version of the 
double cantilever cleavage fracture of the form described by 
Berry (7). This was mounted on a simple rig with a micrometer 
straining mechanism, which could be mounted on the stage of a 
Zeiss Ultraphot microscope, and the straining mechanism operated 
whilst the specimen was viewed through the microscope. In order 
to overcome the difficulties imposed by the limited depth of focus 
at higher magnifications (^400 x), the specimen was made in the 
form of an asymmetric sandwich. This is shown in Figure 4. First 
a thick, ^4 mm, layer of unfilled matrix was cast; when this had 
partially cured a thin layer, ^ 1 - 2  mm, of the filled material 
was cast on to it, to be followed in due course by a third thin 
layer of the unfilled matrix material. The composite sheet was 
then machined flat and polished and the test piece cut out of it. 
Then crack restraining grooves were cut from either face into the 
central filled region. The specimen was then set up on the micro­
scope so that it was viewed through the thin clear layer whilst 
illuminated from below. In this way it was possible to follow 
the progress of the crack tip as the specimen was opened. Some 
specimens without side notches were also tested, since the notches 
tended to partially obscure the crack from view. In practice it 
was then difficult to predict the crack path and the amount of 
opening action necessary to maintain stable crack growth. However, 
it did prove possible to follow cracks for several millimeters 
of growth and to observe both the fibre/crack interaction and the 
behaviour of fibres and interfaces in the regions close to the 
crack. Specimens were prepared with short random fibres and also 
with single filaments placed at predetermined intervals and angles
relative to the crack path.
5. RESULTS
5.1 Mechanical Properties: Tensile tests and short term creep
tests were conducted over the temperature range -60 to +80 degrees
C. on a batch of each of the glass and carbon fibre filled nylon
6.6 and polypropylene composites. The volume fraction of fibres
was close to 0.2 for all the materials. These were processed to 
give relatively long fibre lengths, and the actual values measured 
are given in Table 1.
The fibre length distribution quoted is based on the total 
volume fraction of fibres (V^) in the sample (in this case 0.2), 
thus 10 volume % of the fibres measured (i.e. 0.02 Vf) were shorter
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TABLE 1
Material Fibre length Distribution Calculated 
critical 
length Le 
at e =  .01
(mm)
Median
1 0  per­
centile 
length 
(mm)
Median
length
(mm)
90 per­
centile 
length 
(mm)
aspect
ratio
Nylon 6.6/ 
E glass 0.28 0.58 1.25 0 . 1 48
Nylon 6.6/ 
Carbon 0.14 0.32 0.73 0.07 40
Polypropy­
lene/E glass
0.40 0.95 3.4 0.16 79
Polypropy-
lene/Carbon
0 . 2 0 0.55 2.9 0.30 69
than the 10 percentile length and 10 volume % were larger than the 
90 percentile length. The critical length calculated is the value 
at a strain of 0.01 using the values of t ^ calculated from test 
data at 20°C (4,5). It will be noted tha? with the exception of 
carbon/polypropylene, the 10 percentile length is greater than L £ 
and the median length is approximately 5 Le. L £ for the polypro­
pylene/carbon is relatively longer, because the value of t  ^was 
very low for this material. Hence, although the actual fiSre 
lengths are longer than those in the nylon/carbon system, they are 
less effective.
It should be noted that Le is directly proportional to
strain (equation 3), and thus a considerable proportion of the
fibres in all the materials would remain supercritical to the 
fibre fracture strain CU).015 for carbon and '^0.035 for glass).
The results of the tensile tests are summarised in 
Figures 5 to 10, which show the variation of stiffness, strength 
and ductility with temperature for the four materials. In all 
materials both stiffness and strength fall quite sharply as the 
temperature is raised, but the strain at fracture shows only a 
gradual increase with temperature. At 60 C the stiffness of the 
polypropylene/carbon has fallen to half the value at 0°C, and its 
strength likewise, but the strain to fracture increases only from 
0.01 to 0.011.
The effective degree of reinforcement may be expressed
as the ratio of the property of the composite with that of the
unfilled polymer under similar conditions. Expressed in this way 
the ratio is remarkably constant for maximum strength for each 
material, over the temperature range investigated; but the stiff­
ness reinforcement increases at the higher temperature as shown in 
Table 2.
It will be noted that the nylon composites show
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Material
Strength ratios (°C)
Stiffness ratios 
(e- 0.005) (°C)
-40 -20 0 20 40 -40 -20 0 20 40
Polypropylene/Glass 1.6 1.8 2.0 2.3 2.5 1.4 1.9 2.4 3.1 4.0
Polypropylene/Carbon 2.0 2.0 2.0 2.3 2.0 2.1 2.5 3.0 3.6 4.0
Nylon/Glass 2.5 2.5 2.6 2.6 2.8 5.0 6.4 7.5 8.3 10
Nylon/Carbon 3.7 3.6 3.6 3.6 3.1 8.0 9.9 11 12 14
relatively superior ratios and the carbon is generally more effect­
ive than the glass, except in the case of the polypropylene/carbon 
at high temperatures. The very high ratios for the stiffness 
reinforcement of the nylons should be treated with caution, however, 
as they may be influenced by the moisture content of the nylon.
The nylons were equilibrated at about 50% relative humidity and it 
is known that dry-unfilled material would be twice as stiff, but 
the full effects of moisture content in the filled materials have 
not been evaluated.
The isochronous stress strain curves at 20°C and 50°C for 
the nylon composites are shown in figures 11 and 12. These show 
a small viscoelastic effect at the lower but, as expected, greater 
effects at the higher temperatures. A similar trend was observed 
in the polypropylene based composites. The effectiveness of the 
reinforcement appears to be comparable for both the 10 s. and 
1000 s. values at 20 C, but the glass filled materials appear to be 
marginally more effective in retaining their resistance to deform­
ation at 50°C and 1000 s.
The implication of these results is that all the materials 
are effectively stiffened at 20 C and that the nylon/carbon combin­
ation is the most effective. At lov; strains the fibre length 
distribution was such that with the exception of the polypropylene/ 
carbon, over half the fibre content was of length exceeding 5 L£.
The ultimate strength enhancement was limited in all the materials 
by'their low ductility, and at 20°C the relative short fibre length 
of the polypropylene/carbon showed no deleterious effect.
The fall off in stiffness at elevated temperatures is much 
greater than would be predicted by applying the reduction in matrix 
stiffness to the law of mixtures equation (the fibre stiffness 
would not vary significantly over the temperature range investigat­
ed). The reduction in stiffness must therefore be attributed to a 
change in the matrix/fibre interaction. If the matrix shear modu­
lus and strength is reduced by a similar proportion to its tensile 
properties, the effective value of the interface strength x  ^must 
be reduced. At ambient temperatures the estimates of x  ^have been 
of the same order as the matrix shear strength, but it is possible 
that at elevated temperatures it could fall to lower relative 
values due to the effects of differential thermal expansion between 
matrix and fibre. This will tend to decrease any frictional com­
ponent of xm£, and will have the effect of increasing the value of
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L and L , so that a fibre of effective length at 20°C would be 
less so at a higher temperature. It will be noted that the two 
carbon filled materials, although stiffer than the glass filled 
equivalents, show a greater proportionate reduction in stiffness 
at the higher temperatures. This is especially noticeable in the 
polypropylene/carbon, which has the least favourable fibre length 
distribution. This emphasizes the need to ensure both good inter­
face strength and adequate fibre length for effective reinforcement.
The maximum strength of all the materials appears to be 
limited by their ductility, as the strain at fracture does not 
increase as the stiffness is reduced at higher temperatures. The 
level of this fracture strain is 0.015 - 0.022 for the glass and
0.007 - 0.015 for the carbon. The lowest values were obtained with 
the nylon matrix in each case (these systems having the highest! ^ 
values). Earlier work (3, 4, and Fig.3) had indicated that as 
was increased, the fracture strain decreased to the level observed 
in the present work. The actual level of strain is rather lower 
than might be expected to cause fibre fracture but the fibre obvi­
ously has some influence as evidenced by the much lower ductility 
of the carbon filled materials. All the materials tested contained 
a significant proportion of very long fibres (i.e. over 10 L ) and 
it might be expected that fracture be initiated by failures m  
these long fibres which might remain supercritical even at the 
higher temperatures. The relatively low strain in comparison with 
the expected strain to cause fibre failure could be explained by 
fibre misalignment, and fibre damage induced during the compound­
ing and moulding operation (see Fig. 13). An attempt was made to 
establish whether extensive fibre fracture did occur. Samples 
were taken from broken test pieces from next to the fracture site, 
the matrix burnt off or digested by chemical means to release the 
fibres, and the fibre length distribution determined. It was con­
sidered that if a significant amount of fibre fracture occurred 
during failure, then a reduction in the quantity of long fibres 
would be observed. This was not the case, although it must be con­
ceded that the sensitivity of the experiment was open to question. 
This leads to the conclusion that the fracture is initiated either 
in the matrix, or more probably at the fibre/matrix interface where 
large stress concentrations must exist. This view was confirmed by 
microscopic examination of sections cut through failed test pieces, 
which showed extensive cracking, Figure 13, and by the SEM examin­
ation which showed the brittle nature of the matrix failure. This 
is discussed more fully in a later section.
5.2 Fractography: Figure 14 is a typical SEM photomicrograph of
a room temperature tensile fracture in the nylon/glass material.
The matrix appears to fail in an essentially brittle manner and 
extensive fibre pull out is seen. The maximum pull out length 
observed was about 250 ym (20 diameters) which is the median half 
length. There is no significant difference between carbon and glass 
filled materials at 20°C. At the sub zero temperatures the failure 
is generally similar (Fig.15) but the pull out length is rather less
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(10 - 15 diameters) and at the higher.temperatures, evidence of 
matrix flow is observed (Fig.16). In these high temperature 
fractures the pull out length is greater than at room temperature 
(but more difficult to measure accurately) and there is less evi­
dence of misaligned fibres. It is possible that they become 
aligned during the failure process. It is interesting to note that 
this clear visual evidence of microscopic ductility is not reflected 
in the overall strain to fracture recorded in the tensile tests.
The polypropylene composites show evidence of matrix flow at 20°C 
(Fig.17) but also appear to be brittle at -70°C (Fig.18). There is 
evidence of good adhesion between matrix and fibre in the nylon com­
posites (Figs. 19 and 20) but the polypropylene composites show 
cleaner fibre surfaces suggesting less adhesion (Fig. 17).
A limited number of tests were conducted on wet nylon compo­
sites (soaked in water at 20 C for 28 days). These show fracture 
characteristics similar to those for the dryer material at higher 
temperatures. Figure 2l is a photograph of a wet nylon/carbon 
specimen fractured at 20 C. In addition to the matrix flow, the 
spread of the fracture from a fibre end (or possibly a fibre 
fracture) is clearly visible. The gross ductility of this test 
piece was somewhat higher than that of the dryer material.
This fractographic evidence confirms the general failure 
hypothesis that the matrix behaves in a brittle manner, at lower 
temperatures and that even some marked evidence of matrix flow at 
elevated temperatures does not confer general macroscopic ductility 
to the material. The pull out lengths observed suggest that, 
except at the lowest temperatures, fibres are pulling out rather 
than breaking within the matrix. There is also limited evidence 
that fibre ends might act as crack starters.
6. FRACTURE OF MODEL COMPOSITES
Although scanning electron microscopy of the fractured test 
pieces can yield valuable data such as fibre pull out lengths and 
orientations (Figs. 14 to 21), it yields very limited information 
of the fracture mechanism itself. The model system studied was 
designed to allow direct optical observation of the fracture mech­
anism. The model must be chosen to be as like the real system as 
possible, so that analogies between the behaviour in the real and 
model systems can be drawn. To obtain maximum optical transparency 
in the model, E glass fibre was used, in low volume fractions (0.01) 
The fibre was chopped into short lengths of the same order as the 
real system, some surface treated, some with the surface sizing 
burnt off. In later batches of specimens, glass fibre burnt off 
from glass/polypropylene mouldings was used, thus retaining the 
same range of fibre lengths in the model system as in the reinfor­
ced thermoplastics.
Choice of the matrix is more difficult, since several of the 
conditions which ought to be fulfilled, conflict. -The real thermo­
plastic matrices are semi-crystalline, and thus opaque, but for the
model system to be transparent, the matrix must be amorphous, and 
so differ from the real system. However, since a comparison of the 
macroscopic properties of filled crystalline polymers and filled 
amorphous polymers (such as glass reinforced polyesters) can be 
made, it is not unreasonable to compare the microscopic properties; 
and at-least, the interaction of cracks with short fibres is un­
likely to be much affected by bulk matrix variations.
To permit observation of fracture in the model system by 
transmission optical microscopy, the refractive indices of the 
fibre and matrix must be closely matched to minimise internal 
reflection at the fibre/matrix interface, and so render the system 
as transparent as possible. The fracture strains of the model and 
real matrices must also be similar. Dried nylon does not cold draw 
at room temperature, and fails at a strain of about 0.06, but work 
has shown that nylon moulded at the slightly elevated temperatures 
required to mould filled thermoplastics, will fail at slightly 
lower strains. Three model matrices have been investigated, the 
choice being reached by a compromise; Polymethylmethacrylate (PMMA), 
an unsaturated polyester resin (clear casting), and a flexibilised 
polyester resin. The fracture strain of polyester is low, less 
than the fibre, so the PMMA is probably a better choice of model 
matrix having a higher failure strain and the additional advantage 
that a more controlled fracture can be obtained.
The model system shows all the normal features associated 
with fracture in fibre reinforced composite materials. Fibre pull 
out is frequently observed, and fibres can be watched as they pull 
out and leave sockets in the matrix (Fig.22). PMMA models show 
less pull out than polyester matrices, due to the increased fibre/ 
matrix bond strength. Fibres that lie more than a few degrees from 
the perpendicular to the crack do not pull out at all, and break in 
the plane of the crack. They do, however, debond to the same order 
of distance from the crack as fibres perpendicular to the crack 
(which is often considerably larger than pull out lengths of fibres 
lying perpendicular to the crack). These fibres will thus contri­
bute less to the fracture toughness of the material.
Crack blunting by fibre debonding is visible, in the classic 
Cook and Gordon mechanism (8), where a weak interface lying perpen­
dicular to the crack path is opened up by the triaxial stress 
system at the crack tip, effectively blunting the crack. This 
occurs principally in high volume fraction regions found in the 
sized glass/polyester specimens, where the fibre does not disperse 
well but remains in small bundles (Fig.23). Fibre debonding 
appears dark, due to internal reflection at the newly created 
interface. In lower volume fraction regions, particularly in the 
unsized, dispersed glass fibre systems, there is again a tendency 
for single fibres to arrest a crack, and the crack appears to be 
temporarily diverted either side of the fibre. This behaviour is 
predicted by Grief and Sanders (9) who calculate the stress con­
centration at a crack tip to drop to zero as the crack approaches 
a fibre. At first the crack appears to propagate around the fibre
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without any debonding at the fibre/matrix interface. Without hav­
ing a strain discontinuity, there must be a layer of matrix around 
the fibre, so that the fibre is locally constraining the matrix 
(Fig., 24). However, the crack will intercept the fibre, and some 
debonding occurs at the interface. The two diverted forks of the 
crack eventually unite on the far side of the fibre, but have 
usually grown out of the original plane, so a step is formed which 
can be seen on the fracture surface (Fig. 25). The interaction of 
cracks with single fibres is at present being studied in greater 
detail.
Matrix failure is frequently observed, although rarely away 
from the fibres. Matrix cracks are common at any form of stress 
concentrator, such as fibre ends, fibre crossover points, fibre 
breaks and fibres in close proximity. This type of cracking is the 
most commonly observed event in glass fibre reinforced PMMA model 
specimens, and every fibre within fifty fibre diameters of the crack 
tip develops matrix cracks at the fibre ends (Fig. 26). This shows 
that, in locally highly strained regions such as just ahead of the 
crack, the easiest sites for crack initiation are fibre ends and 
fibre crossovers, due to their stress concentrating effect on the 
matrix adjacent to the fibres. Photoelastic information is also 
available (10,11) which points to the importance of stress concen­
trators, such as fibre ends and breaks, where the high interfacial 
shear stress combines with high tensile stresses to produce severe 
stress concentrations. Matrix cracks are also observed in the 
model systems at fibre breaks, another source of stress concen­
tration (Fig. 27).
Fracture theories for fibre reinforced plastics are generally 
based on fibre fracture in some form. Parratt (12) suggests that 
fracture in a composite occurs as a result of random sized fractures 
when the fibres have been shortened to the extent'that they are 
unable to carry the applied stress. Then failure occurs by shear 
of the matrix or at the fibre/matrix interface. Rosen (13) implies 
that breakdown occurs due to the accumulation of breaks in a local 
region of the composite. Failure then occurs when a large number 
of breaks form in one region, and the load applied cannot be trans­
ferred across some plane perpendicular to the load direction.
Both of these theories are based on fibre fracture, and involve con­
siderable fibre fracture,at least in a localised region around the 
fracture. Experimental evidence has shown that very little, if any, 
fibre fracture occurs in reinforced thermoplastics during fracture. 
Fibre length distributions have been measured before and after 
testing, the latter distribution being determined from a sample 
next to the fracture surface, and no fibre fracture can be 
detected. This implies that fracture is matrix controlled rather 
than fibre controlled. Evidence from the model systems suggests 
that failure is initiated in the matrix adjacent to fibres, by the 
stress concentrating effects of fibre ends, breaks and crossovers. 
Sections through thermoplastic specimens show very little fibre 
fracture, but considerable matrix cracking, particularly around 
fibres, especially fibre ends and interfaces. Cracks are observed
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both near the fracture surface, and up to some considerable dis­
tance away (Fig. 13).
It is useful to explain the observed relationship between 
fracture strain and fibre volume fraction in terms of this fracture 
mechanism. Fracture strains in reinforced thermoplastics show a 
rapid decrease with increased fibre volume fraction, and then level 
off to a nearly constant value, which is below the fibre failure 
strain (1, 3, 4, 5). To explain this, the existence of a region of 
modified matrix around the fibres is postulated, which strains only 
to the same extent as the fibres. There is much evidence for this, 
in that the values of fibre/matrix bond strength determined from 
SEM studies and from a theoretical equation (1, 3, 4, 5) derived in 
this Department, exceed the matrix shear yield stress by a factor 
of three in the carbon/nylon system, and by one and a half times in 
the glass/nylon system. Bessell, Hull and Shortall (14) have made 
microscopic studies on fibre reinforced thermoplastics, and show 
that the spherulite structure is altered adjacent to fibre surfaces 
possibly due to preferential nucleation at the fibre.
Tests on the model systems have shown that cracks tend to 
propagate around fibres at first, leaving a layer of matrix around 
the fibre intact (see earlier discussion). This again suggests 
that matrix adjacent to the fibre is modified in some way. In 
crystalline polymers this is almost certainly a modification of 
the spherulite structure whilst in amorphous polymers it could be 
a variation of molecular structure.
At high volume fractions, the fibre-modified-matrix regions 
will overlap to form a continuous network, so that failure will 
then occur when the strain in these regions reaches the point at 
which cracks are initiated at stress concentrations at fibre ends, 
breaks and crossovers. In this case the macroscopic strain is 
uniform throughout the composite, since the modified matrix forms 
a continuous network, but the composite failure strain will be 
below the fibre failure strain, on account of the stress concen­
trating effects.
At low V^, the modified matrix does not overlap, allowing 
rearrangement of locally high stresses by local matrix deformation 
(observed in low specimens in SEM work), so reducing the effect 
of stress concentrations. This also means that since the 
unmodified matrix can strain more than the fibre, a higher compo­
site strain is required before stress concentrators are raised to 
the level where they initiate cracks. In this case, the strains in 
the matrix, fibre, and composite overall, are not equal, and thus 
any relationship based on a linear law of mixtures is not applic­
able. A possible alternative relationship might be of the form:-
This is of similar form to equations used to describe other pro­
perties (e.g. thermal conductivity) in two phase systems, where the 
components are parallel to the test direction. The equation also 
fits the two boundary conditions:-
at V, = 0 eu = eu
f c m
at Vf - 1 eU = etf c f
A constant C may be incorporated into this equation to take into 
account the off-axis effects of the fibres, and variation of the 
value of from the fibre failure strain due to stress concen­
tration. Another constant is needed to account for the modified
matrix, since the effective is enhanced by this matrix, and the 
fibre plus modified matrix should be treated together. The effect­
ive volume fraction, that of the fibre and modified matrix is , 
and is given by:-
R2
= 8 Vf where 8 = -j
r
and R is the radius of the modified matrix sheath around the fibre.
Substituting into equation (4) this gives:
.......  (5)
x C BVf (1 -8) Vf
thus,
- = A V- + B   (6)
u f
where A = B (—  - —  ) and B = —
u u uec e ef m m
This relationship appears to agree with experimental evidence in 
that 1/ v. is linear at low values of (<0.2) and R/r 
appears to be. of the order 1.6.
7. CONCLUDING REMARKS
In. fibre reinforced thermoplastics excellent stiffness enhan­
cement may be achieved by the incorporation of glass or carbon 
fibres. Optimum properties are realised when the fibre/matrix 
interface is strong and the average fibre length exceeds 5 Lc . The 
tensile strength enhancement is not as great as that of stiffness 
owing to the reduced ductility of the fibre filled materials.
At elevated temperatures both stiffness and strength are 
reduced to a greater extent than would be suggested by the reduc­
tion in matrix properties alone, suggesting that the fibre/matrix
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bond strength is also reduced. However, the ductility remains low 
even at temperatures sufficient to halve the stiffness compared 
with ambient temperature.
The actual value of the strain at fracture is dependent on 
both fibre and matrix but is slightly less than the accepted fibre 
strain to fracture. This suggests, either, that the fibres in the 
composite fail at lower stresses than predicted, or, that failure 
is initiated in the matrix at fibre ends or intersections. The 
experimental work, however, provided no evidence to support the 
fibre failure hypothesis.
Observation of failure in model systems has revealed several 
mechanisms whereby matrix fracture is initiated at the fibre/matrix 
interface, especially at fibre ends. These observations are also 
supported by optical and scanning electron microscopy of the fibre 
reinforced thermoplastics.
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